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Abstract
The fatigue behaviour of near-a and a+b titanium alloys depends strongly on the microstructure,
the environment and the load cycling conditions. It is known that Ti-Al alloys can suﬀer from
a chemical decomposition on ageing above 500  C or air cooling which reduces fatigue life. The
factors promoting the ordering, as well as its eﬀect on fatigue crack nucleation and propagation
are still not suﬃciently understood. This project aims to provide an improved understanding
of how ordering aﬀects the extent of planar slip occurring during fatigue in the a phase of
aluminium-alloyed titanium alloys. For this purpose, samples of Ti-7Al, Ti-6Al-4V and IMI 834
were aged to promote ordering and the formation of nanometre-scale a2 (Ti3Al), at a range of
temperatures between 450-700  C for times up to 84 days.
Ti-7Al wt.% (12 at.%) was selected as a model of the a phase in Ti-6Al-4V which has also
been studied in the literature. A reliable method for producing the alloy with the desired
microstructure has been established. The eﬀects of post-rolling heat treatment on ordering of Al
were analysed using light microscopy, transmission electron microscopy (TEM), scanning electron
microscopy (SEM) and electron backscatter diﬀraction (EBSD). The evolution of intergranular
lattice strain was characterised using in situ time-of-flight (TOF) neutron diﬀraction during
room temperature tensile loading. On ageing, at 550  C and 625  C, dislocations were observed
to travel in pairs, and in planar arrays, which has been attributed to the presence of ordering. A
slight change in c/a was observed, from 1.6949 to 1.6945, and a slight increase in the macroscopic
modulus. However, no changes were observed in the residual lattice strains, which are the grain-
orientation average elastic strains produced by localised plasticity. Therefore it is inferred that the
changes in deformation mechanisms caused by ordering that result in an enhanced vulnerability
to dwell fatigue aﬀect primarily the extent of slip localisation.
At long ageing times, a chemical decomposition results in the formation of Ti3Al precipitates in
the a phase of a+ b titanium alloys. At reduced times or elevated temperatures, diﬀuse electron
or neutron diﬀraction peaks can be observed, indicative of short range ordering (SRO). Here,
correlative TEM and atom probe tomography (APT) results are presented showing that the
reaction proceeds through the formation of ordered Al-rich clusters in Ti-6Al-4V. In addition,
the V-containing a phase of Ti-6Al-4V formed ordered clusters much faster than the binary alloy
Ti-7Al. This implies that the ternary addition of b stabilisers exacerbates the problem of a2
precipitate formation in commercial dual phase titanium alloys.
Precipitate evolution was also studied in the a phase of IMI 834 using TEM after ageing at 550,
625 and 920  C for times up to 28 days. The TEM investigation was complemented by APT to
give compositional information. It is found that precipitation occurs much faster, and is more
prolific in samples that were heat treated at higher temperatures. Additionally, a change in
precipitate morphology was observed. Particles were spherical after ageing at 550  C while after
ageing at 625  C become ellipsoids with the major axis lying close to the [0001] direction.
In summary, it was found that precipitation of the ordered a2 phase appears to occur much faster,
and in greater proportions, in multi-component Ti alloys than in the binary alloy. Additionally,
the appearance of superlattice spots was much clearer, and occurred after shorter ageing times,
in Ti-6Al-4V and IMI 834 compared to Ti-7Al, despite all the alloys having a similar Al content
in the a phase. This indicates that the addition of the ternary elements to binary Ti-Al system
accelerates the formation of the a2 phase.
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Introduction
The aerospace industry is continuously aiming to improve the eﬃciency of its products, with the
key objectives being the reduction of cost, environmental impact and improving safety [1]. The
development of new production technologies plays a significant role in achieving these goals. Im-
provements in gas turbine engines over the years have been due to the development of materials
with increased performance levels [2]. Lightweight construction has become a universal require-
ment for all transportation systems. Furthermore, materials with a high strength to weight ratio
at elevated temperatures help towards weight reduction, e.g. materials used in aerospace, such
as titanium and aluminium alloys and composites [3]. Currently, Rolls-Royce plc is one of the
largest civil aero engine manufacturers and a global leader in the supply of energy solutions.
One of the prime products that has been a principal factor in the development of the company
since World War II is the gas turbine engine and it has provided a sound model to understand
the challenges faced by the high value manufacturers of today. The first gas turbine engine
was developed by Frank Whittle [4]. Presently, the design of new gas turbine engines which
are highly eﬃcient and reliable requires the development of advanced technologies and a better
understanding of the properties of the materials used.
1
1.1 The gas turbine engine
The major parts of a turbine engine are; the fan, compressor, combustion chamber, turbine and
nozzle, Figure 1.1. The operation of all turbine engines are based on the same principle. Air is
sucked into the engine by a large cold fan, where the blades are made from titanium alloys [4; 5].
The air is squeezed by the compressor which typically consists of multiple stages of bladed discs
and is attached to a main shaft. The compressed air is forced into the combustion chamber inside
which the air is mixed with atomised fuel and then ignited, producing hot expanding gases. The
temperature at that stage reaches 1500  C.
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Figure 1.1: The Rolls-Royce Trent 800 engine. The figure shows the diﬀerent stages: low pressure compressor
(LPC), intermediate pressure compressor (IPC), high pressure compressor (HPC), high pressure turbine (HPT),
intermediate pressure turbine (IPT), low pressure turbine (LPT), and temperature profiles along the engine.
Adapted from [4].
The high-energy airflow coming out of the combustion chamber goes into the turbine, constructed
of a series of bladed discs, causing them to rotate and delivering the energy needed to drive the
compressor and fan. After the gas has passed through the turbine, it is expands out through
the exhaust nozzle and discharged into the atmosphere. The structure within the engine and
exhaust areas operates at elevated temperature, therefore it is vital to use materials with high-
temperature and high-strength capabilities, i.e. titanium and nickel base alloys.
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The predominant materials used in the aerospace industry are generally separated into distinct
groups; ⇠20% steel (multiple shafts), ⇠35% nickel (turbine stages), ⇠40% titanium (fan/compressor
stages) and ⇠5% other materials [7]. The diﬀerent materials used in a jet engine are shown in
Figure 1.2. The development of lighter, stiﬀer, stronger, more damage tolerant and heat-resistant
materials will continue to play an important role in the future development of aircraft, both in
terms of airframe and engine development.
1.2 Industrial significance
In view of the excellent strength and low density, titanium alloys are attractive materials to be
used in aerospace applications. In addition to the aerospace industry these materials have wide
spread use in non-aerospace applications where their good corrosion resistance is desirable [8–14].
As a result of their resistance to salt water corrosion, titanium alloys are used for exposure to sea
water. Due to biocompatibility with the human body and its elastic modulus being relatively
similar to that of human bone, titanium and titanium alloys are used in medical applications for
surgical implements and prostheses. For example these materials are used for dental implants
to replace missing teeth [10; 15]. These are mostly made from commercially pure titanium and
Ti-6Al-4V [8]. More examples of the applications of titanium and titanium alloys can be found
in many textbooks, e.g. [8–10; 12].
aluminium
titanium
steel
nickel
composites
Figure 1.2: Engine materials used in a Rolls-Royce jet engine. Titanium and its alloy are marked in blue. It is
an ideal material for its strength and density. In the high temperature section these materials are replaced by
nickel-based superalloys, marked in red. Steel is marked in orange and is used for the shafts and static parts of
the compressor. Adapted from [6].
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Presently, about half of the world production of titanium is used in the aerospace industry [3].
In the future, titanium and titanium alloys are expected to bring new product innovation which
will give rise to significant growth in demand for titanium [15]. The primary justifications
for using these materials are low density, high strength to weight ratio and excellent corrosion
resistance. Although titanium alloys play a major role in the development of the aerospace
industry, their use is strongly limited by their high cost relative to other competing materials.
Some of the basic properties of titanium are listed in Table 1.1 and are compared to those of
other aerospace materials based on Fe, Ni, and Al. Titanium and its alloys can often be used
to save weight by replacing heavier steel alloys. Despite having higher density than aluminium
(4.5 gcm–3 compared to 2.7 gcm–3 for Al), titanium is used because its strength is significantly
higher. Studies indicate that in the next 20 years the demand for titanium alloys will increase. It
is predicted that approximately 22,000-28,000 more planes will be required due to the increasing
popularity of air travel [16]. Despite playing a major role in the development of the aerospace
industry, the future application of titanium alloys will require more eﬃcient use of their strength
and fatigue performance through a better understanding of the way in which the alloys deform
and how cracks develop under cyclic loading conditions.
Table 1.1: Comparison of properties of various aerospace metals. Adapted from [11].
Ti Al Ni Fe
Melting temperature [  C] 1670 660 1455 1538
Density [ gcm–3] 4.5 2.7 8.9 7.9
Room temperature E [GPa] 115 72 200 215
Yield stress Level [MPa] 1000 500 1000 1000
Comparative corrosion resistance Very high High Medium Low
Comparative reactivity with oxygen Very high High Low Low
Comperative price of metal Very high Medium High Low
Over the last few years a lot of work has gone into improving aeroengine eﬃciency. This can
be achieved by running them at higher temperature but it is associated with the improvement
of existing materials or the invention of new materials [17]. Many titanium alloys are used
in service under the conditions in which ordering or phase separation may occur. The fatigue
behaviour of alloys depend strongly on the microstructure, the load cycling conditions and the
environment. The a phase in aluminium containing alloys undergoes ordering during prolonged
thermal exposure which reduces fatigue life. For engineering purposes the mechanisms of ordering
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and phase transformation within a material must be well understood to produce parts which
retain desirable properties to enable predictable component life to be determined. In order
to maximise the safe working life of these components it is essential to better understand the
mechanisms and kinetics of ordering in the Ti-Al system.
Many titanium alloys have been developed for aerospace applications where optimising mechan-
ical properties is the primary consideration. One of the major factors limiting the life of high
temperature titanium alloys in service may be their degradation due to ordering, during long
term use. A potential problem with near-a -titanium alloys is the formation of precipitates of
Ti3Al (also called a2). It is known that Ti3Al precipitates are potentially brittle and aﬀect low
cycle fatigue properties. Since Al additions to Ti-alloys form the basis of all current high tem-
perature alloys, better understanding is required to design more advanced materials. A recent
study on titanium-rich Ti-Al alloys by Lenssen [55], Liew et al. (née Wood) [18; 19] and Neeraj
[20; 21] suggested that complex phase separation behaviour occurs in this system. The lack of
direct evidence of the ordered a2 phase in electron microscopy and X-ray diﬀraction studies was
explained by the fact that the reactions in this system are very slow and thus limit the possibility
for detailed experimental research.
The Ti-Al system forms the basis of the current generation of Ti-Al alloys for applications in jet
engines, therefore an understanding of phase separation is necessary in order to predict long term
performance of the material in service. Furthermore, this knowledge maybe used to optimise heat
treatment processes and develop new alloys. The factors promoting ordering, as well as its eﬀect
on fatigue crack nucleation, growth and propagation mechanisms are still not fully understood.
The key part of this is to better understanding ordering and how it aﬀects the extent of planar
slip during fatigue in alpha titanium alloys.
1.3 Project aims and objectives
The past 50 years has seen much attention being paid to study of Ti alloys for use in jet engine
components, as well as critical airframe applications where high-strength and fracture toughness
5
are necessary. It is well documented that cracks and defects can develop, often as a result of
fatigue. A better understanding of the fatigue-cracking behaviour of titanium alloys is a key
challenge if we are to ensure the long-term reliability of jet engine components. An accurate
method for the estimation of the fatigue life of a component need to be developed. A necessary
prerequisite to this will be identifying the plastic deformation processes leading to fatigue crack-
ing. The aim of the current project is to determine how ordering of aluminium atoms can aﬀect
the extent of planar slip in a grains occurring during plastic deformation in Ti alloys.
The objectives of the project are as follows:
1. To understand the formation of ordering in dilute Ti-Al alloys
2. To understand the potential influence of ordering on mechanical properties via characterisation
of deformation mechanisms.
In order to achieve the above objectives a comprehensive knowledge of the published literature in
this area is required. In addition, selected use of experimental techniques will be required in order
to address specific areas. Both a carfully prepared model alloy (Ti-7Al wt.%) and commercial
aerospace alloys (Ti-6Al-4V and IMI 834) will be studied in order to allow translation of the
findings to industry.
1.4 Thesis organisation
This thesis is split into seven chapters. Chapter one contains an introduction to gas turbine
engines along with the project aims and objectives.
Chapter two is the literature review. An account of what has been published on the topics studied
in chapters three to six is presented. Chapter two introduces the classification of Ti alloys, their
metallurgy, mechanical properties, and the eﬀect of alloying elements. This section concludes
information on the diﬀerent deformation mechanisms occurring in alpha titanium alloys. The
impact of aluminium content and ordering on dislocation configuration are shown. A key part
of this chapter is a discussion about the titanium-aluminium binary phase diagram according to
previous research.
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Chapter three describes the experimental methods and techniques utilised during the research.
Chapter four describes in-situ neutron diﬀraction studies performed at the Vulcan diﬀractometer
at the Spallation Neutron Source at ORNL, TN, USA. In order to examine the eﬀect of the
diﬀerent heat treatments on the load partitioning that occurs during plasticity, samples were
deformed in tension. Material processing, schematic illustration of the experimental setup, and
data reconstruction are shown. This section includes the comparison of lattice spacing and
diﬀraction elastic constants (DEC) measured for samples subjected to diﬀerent heat treatments.
Analysis of the dislocations performed using a JEOL 2000FX and JEOL JEM 2100F TEM are
reported.
Chapter five is dedicated to transmission electron microscopy (TEM) and atom probe tomogra-
phy (APT) experiments in Ti-7Al and Ti-6Al-4V (wt.%) alloys. APT investigations are com-
plemented by dark field TEM imaging and electron diﬀraction experiments. These studies were
carried out to identify and visualise any precipitates or ordered structures present in alloys after
ageing.
Chapter six describes transmission electron microscopy (TEM) studies on the precipitate evolu-
tion in the a phase of IMI 834 after ageing at 550, 625 and 700  C for times up to 28 days. The
TEM investigation was complemented by atom probe tomography (APT) to give compositional
information.
Finally, the aim of chapter seven is to summarise the PhD project. The key findings are presented
along with suggestions for further research which may prove beneficial.
1.5 Publications and talks
The work presented in this thesis was carried out by the author in the Department of Materials,
Imperial College London between September 2012 and 2015 under the supervision of Prof. D.
Dye, Prof. T. Lindley and Prof. D. Rugg. All the work is original and where the work of other
authors is used it has been referenced and acknowledged. Some parts of the work in this thesis
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have already been published or under review for publication. In addition some of the work has
been or is planned to be presented at research seminars and conferences.
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2
Literature review
In this chapter background information and the theory underlying the current project are pre-
sented. A short introduction to titanium production, alloy classification, and deformation modes
is given, as well as a literature review. Section 2.1-2.4 discuss the physical metallurgy of tita-
nium alloys, role of alloying elements and alloy classification. The binary phase diagram and
changes in properties associated with the formation of Ti3Al precipitates is discussed in detail
in Section 2.5. Section 2.6 is an introduction to phase transformations. Section 2.7 covers the
concept of characterising microstresses developed between grains and phases using time-of-flight
(TOF) neutron diﬀraction. The purpose of Section 2.8 is to discuss a deformation behaviour in
a titanium alloys. In addition, in this section published experimental findings are summarised
focusing on the eﬀect of ordering on dislocation motion. Impact of ordering on dislocation con-
figuration is discussed in Section 2.9. Fatigue in titanium alloys and dwell fatigue are cover in
Section 2.10.
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2.1 Titanium
Titanium was discovered in 1791 by the Reverend William Gregor, an English chemist, and inde-
pendently by the German chemist M.H. Klaproth in 1793. Klaproth named the element titanium
(symbol Ti) after the Titans of Greek mythology, the powerful god of enormous strength [11; 12].
The metal was produced by reduction of its oxide in the early 1900s and has been widely used
since the second half of the 20th century [10–12; 22; 23]. A commercially attractive process to
isolate the metal from the titanium ore was developed by Kroll. The material which is formed
as a result of this process is called titanium sponge due to its porous and sponge-like appear-
ance. The production of high purity titanium is still diﬃcult, because of the strong tendency of
this metal to react with oxygen and nitrogen. A more detailed description of the history and
industrial status of titanium and its alloys can be found in the book by G. Lütjering and J. C.
Williams [11].
2.2 Physical metallurgy of titanium alloys
Titanium does not occur as a pure metal in nature, but forms compounds with other chemical
elements e.g. oxygen. Common ores are rutile and ilmenite. Titanium is present in the Earth
0
s
crust at a level of approximately 0.6%, and it is the fourth most abundant structural metal after
aluminium (Al), iron (Fe) and magnesium (Mg) [11]. It is a transition metal and has an atomic
number of 22 and an atomic weight of 47.9. Because it has an incomplete electron shell in its
electronic structure, elements which are within the range of 0.85-1.15 of the atomic radius of
titanium can alloy substitutionally and have a significant solubility. Elements with an atomic
radius that is substantially smaller than the radius of titanium, e.g. oxygen (O), nitrogen (N) and
hydrogen (H), occupy interstitial sites in the crystal structure [12; 24]. Titanium can crystallise
to form various structures, but each is only stable within a particular temperature range [10].
Pure titanium exists in two allotropic forms. The low-temperature a, hexagonal close packed
structure (hcp), is stable below 882.5  C the transus temperature. The high-temperature b, body
centred cubic structure (bcc), is stable between 882.5  C and the melting point of 1670  C [9].
The crystal structure of the hcp a and bcc b phases are shown in Figure 2.1. Adding certain
alpha stabilising elements, such as Al, gallium (Ga), oxygen (O) and germanium (Gr), can
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raise the transus temperature of titanium. Elements such as molybdenum (Mo), vanadium (V)
and chromium (Cr) stabilise the b phase by lowering the temperature of transformation from
the hexagonal structure to the cubic structure. The eﬀect of the common alloying elements of
titanium is discussed in detail in references [8–12].
2.3 Eﬀect of alloying elements
It is well known that interstitial elements modify the position of the a\(a+ a2) boundary [9–11].
Alloying elements have an eﬀect on the a! b transformation temperature. Various elements form
a solid solution with titanium and can be categorised according to their eﬀect on the stability
of the alpha and beta phases, as can be seen from the schematic phase diagram in Figure 2.2.
Elements stabilising the a phase are known as alpha stabilisers (e.g. Al, O and N), and those
stabilising the b phase are known as beta stabilisers (e.g. V, Mo, Fe, and Cr).
a) b)
Figure 2.1: Crystal structure of (a) bcc phase (also called b phase) and (b) hcp phase (also called a phase) [10].
Beta stabilisers can be further classified into two groups: beta isomorphous and beta eutectoid.
The first group consist of elements (e.g. Mo and V) that are completely miscible in the beta
phase. The beta eutectoid group shifts the b phase field to lower temperatures up to 335  C
below the transformation temperature of unalloyed titanium. This group includes Fe, Cr, silicon
(Si), and hydrogen [25]. It should be noted that due to hydrogen embrittlement, the maximum
hydrogen content in titanium alloys is limited to about 125-150 ppm [11]. Alpha stabilisers
increase the temperature at which the a phase is stable while beta stabilisers result in stability
of the b phase at lower temperature. Tin (Sn), zirconium (Zr), and hafnium (Hf) are considered
neutral as they have an insignificant stabilising eﬀect on both of the phases. The great aﬃnity
of titanium for interstitial elements, such as O and N, allows the easy absorption at raised
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temperatures, which increases strength and reduces ductility [26]. Collings [9] and Donachie [12]
give a detailed description of the influence of diﬀerent alloying elements on the stability of the a
and b phases. The purity of alloying elements added to titanium is very important and must be
controlled accurately to avoid undesirable residual elements which can form refractory or high
density inclusions [12].
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Figure 2.2: Schematic representation showing the eﬀect of alloying elements on the binary titanium alloy phase
diagram. Adapted from [26].
The chemical composition and the microstructure are the two main factors which determine
the properties of titanium alloys. There is a practical limit to the quantity of stabilisers that
may be added to titanium. The total quantity of alpha alloying elements cannot exceed an
aluminium equivalence of approximately 9 wt.% due to embrittlement. The equivalent aluminium
and molybdenum contents can be described by Equations 2.1 and 2.2, respectively. Figure 2.3
provides a graphical representation of Al and Mo equivalents in selected titanium alloys.
[Al]eq = [Al]+0.17[Zr]+0.33[Sn]+10[O] (2.1)
[Mo]eq = [Mo]+0.2[Ta]+0.28[Nb]+0.4[W]+0.67[V]+1.25[Cr]+1.25[Ni]+1.7[Mn]+1.7[Co]+2.5[Fe]
(2.2)
Al equivalent roughly estimates propensity to form Ti3(Al, Sn) hence why Sn is included, even
though Sn is not an a stabliser.
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Figure 2.3: Aluminium and molybdenum equivalence of various commercially pure grades of Ti, as well as a,
a+ b, b titanium alloys. Adapted from [27].
2.4 Alloy classification
Depending on the alloying stabilisers and phases present in the microstructure, titanium alloys
are classified as; a, b or a + b. Commercially unalloyed titanium (also known as CP-Ti) and a
alloys have essentially all-alpha microstructures. b alloys have largely all-beta microstructures
after air cooling from the solution treatment temperature above the beta transus. a + b alloys
contain a mixture of alpha and beta phases at room temperature. A list of the most important
commercial alloys belonging to each of these three diﬀerent groups is shown in Table 2.1.
a and near-a alloys
The class of a titanium consists of unalloyed titanium and a (near-a) alloys. Unalloyed titanium
and a alloys have a single-phase, hexagonal close packed crystal structure. Because these alloys
are single-phase, their tensile strength is relatively low [27]. Single phase a alloys are widely used
in applications that are not particularly demanding in terms of strength. a alloys are attractive
due to their corrosion resistance and are used in applications such as tube heat exchangers.
The diﬀerent grades of CP Ti diﬀer with respect to their iron and oxygen content from 0.18%
(grade 1) to 0.40% (grade 4). Oxygen is an interstitial alloying element which significantly
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Table 2.1: Chemical compositions of important commercial titanium alloys. The widely used, classification by
Lutjering and Williams [11] suggested three main classes; a, a + b, and (meta-stable and stable) b-alloys, based
on their location in the pseudo-binary b-isomorphous phase diagram. Tb is the b solvus temperature. Adapted
from [9].
Alloy classification Alloy name Alloy composition (wt.%) Tb [  C]
a and near-a CP Grade 1 CP-Ti (0.2Fe, 0.18O) 890
CP Grade 2 CP-Ti (0.3Fe, 0.25O) 915
CP Grade 4 CP-Ti (0.5Fe, 0.40O) 950
CP Grade 12 Ti-0.3Mo-0.8Ni 880
IMI 834 Ti-5.8Al-4Sn-3.5Zr-0.7Nb-0.5Mo-0.35Si 1045
a+ b Ti-6Al-4V Ti-6Al-4V 995
Ti-6242 Ti-6Al-2Sn-4Zr-2Mo-0.1Si 995
Ti-6246 Ti-6Al-2Sn-4Zr-6Mo 940
b Ti-17 Ti-5Al-2Sn-2Zr-4Mo-4Cr 890
Ti-5553 Ti-5Al-5Mo-5V-3Cr-0.5Fe -
Ti-15-3 Ti-5V-3Cr-3Al-3Sn 760
Beta-CEZ Ti-5Al-2Sn-2Cr-4Mo-4Zr-1Fe 890
increases strength with a reduction in ductility [25]. CP titanium usually is selected for its
excellent corrosion resistance, especially in applications where high strength is not required.
Alpha alloys contain alpha stabilisers such as aluminium, tin, zirconium, and oxygen. These
stabilizing elements give rise to substantial solid solution hardening. The addition of Al or O
suppresses twinning [13]. Small amounts of beta stabilisers are also sometimes added to allow
greater manipulation of the microstructure during processing. Titanium alloys based on the a
phase are attractive materials for structural applications due to their high strength (700-1000
MPa), good fracture toughness, relatively low density and corrosion resistance. The most widely
used commercial high-temperature titanium alloys for aero-engine application belong to the near-
a class. Near-a alloys contain up to 2% beta stabilizing elements. As a result, these alloys contain
a small amount of beta phase in the microstructure and they behave more like a alloys than a+b
alloys [11; 27]. Despite all these attractive properties, the performance of Ti alloys is often
hindered by the phenomenon of dwell fatigue.
a+ b alloys
a+b titanium alloys contain both alpha and beta phases. Ti-6Al-4V is the most commonly used
alloy which has a good combination of mechanical properties, wide processing window, and can be
used up to a temperature of 350  C [28]. Aluminium is added to stabilise and strengthen the alpha
phase while the addition of vanadium, as a beta stabilising element, oﬀers a greater proportion of
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the ductile beta phase during hot forming operations such as rolling. Mechanical performance is
controlled via ageing to control microstructural development. Table 2.2 summarises the physical
and mechanical properties along with the temperature capabilities of some of the commercially
used Ti alloys.
Table 2.2: Properties of some titanium alloys [9; 11] including density (r), ulimate tensile strength (UTS) and
Young’s modulus (E). Adapted from [9; 11].
Alloy classification Alloy name r[g/cm3] E [GPa] UTS [MPa]
a and near-a IMI 834 4.55 117 1035
a+ b Ti-6Al-4V 4.43 110 1035
Ti-6242 4.54 120 1010
b Ti-15-3 4.76 107 1135
Ti-6Al-4V is referred to as like ‘workhorse’ of the titanium industry because it is the most com-
monly used titanium alloy. This alloy is usually subjected to heat treatment to achieve moderate
increase in strength [29]. Ti-6Al-4V can be considered for any application where a combination
of light weight, high specific strength, corrosion resistance, excellent high temperature properties
and metallurgical stability is required. Some of the many applications where this material has
been used include aerospace applications, medical devices, biomedical applications, automotive
parts, marine applications, and sports equipment [8; 29; 30]. Ti alloys containing 6 wt.% Al, 2
wt.% Sn, 4 wt.% Zr and 6 wt.% Mo is commonly called Ti-6246. The combination of higher
creep resistance compared to a alloys together with the improved strength due to the b phase
makes this alloy suitable for use in relatively high temperature applications such as aerospace
compressor components. The addition of alpha stabilisers such as tin and zirconium does not
change significantly the transformation temperature but increases heat treatability and strength
compared to Ti-6Al-4V. As with any other Ti alloy, the final microstructure is largely controlled
by the thermo-mechanical processing route selected.
a+ b alloys account for approximately 60 wt.% of the titanium used in aerospace and up to 80
to 90 wt.% of that used for airframes. Failure of a component may cause serious consequences
for the aircraft, therefore understanding the microstructural variances of titanium alloys and the
eﬀect on mechanical properties is important.
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b alloys
b titanium alloys can be further classified into three groups; stable b, metastable b, and beta-rich
a+ b alloys. A schematic phase diagram for isomorphous titanium alloys is shown in Figure 2.4.
The stability of the beta phase is determined by the cumulative wt.% of b stabilisers. Alloys
containing between 10 wt.% and 15 wt.% of b stabilising elements, result in the beta phase
being retained at room temperature in a metastable condition. These alloys are an attractive
alternative to a+b titanium alloys due to their high strength, deep hardening and wide processing
window. Another advantage of these alloys is their excellent forgeability. However because of the
large amount of heavy elements required to stabilise the beta phase, beta alloys are 10% heavier
than a+ b alloys [31]. These alloys can be found in mainly airframe applications, power plants,
sporting goods, automotive, and orthopaedic implants.
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β alloy
Stable 
β alloyα+β alloy
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Figure 2.4: Schematic section through a b isomorphous phase diagram. Ms is the temperature at which martensite
begins to form when cooling from the b phase field to room temperature and Mf is the temperature at which
reaction is complete. Adapted from [27].
2.5 The Ti-Al binary phase diagram
Among the a stabilisers, aluminium is the most important alloying element, and therefore the
Ti-Al system occupies a significant position in the study of titanium alloys [11]. Recently much
research has been focused on the binary Ti-Al system, but the plots of the phase diagram diﬀer
quite significantly [32–35]. Some diﬀerences are the result of experimental diﬃculties, experi-
18
mental settings or technique limitations such as resolution. It is also well known that interstitial
elements such as O [36–38], Sn [39], Zr [39], and H [40] aﬀect the transformation behaviour in
Ti-Al alloys [41]. Significant eﬀects of oxygen on the position of the a\(a + a2) boundary have
been reported. Blackburn [42] studied the decomposition behaviour of the a phase in the Ti-Al
system using alloys containing up to 1500 ppm oxygen. Crossley [43] reported that 1000 ppm O
raises the solvus temperature by 25  C. Namboodhiri et al. [44] and Swartzendruber et al. [45]
suggested a shift in the a\(a + a2) boundary to the lower Al concentration. Swartzendruber
et al. [45] used Ti-Al alloys with 500 ppm oxygen, while Namboodhiri et al. [44; 46] used al-
loys with an initial oxygen concentration of around 500 ppm which increased to about 770 ppm
after ageing. Surface hydride formation after chemical etching and the low intensity of X-ray
superlattice reflection in this system seem to be a source of many irregularities in the early
publications [42; 47].
2.5.1 Experimental Ti-Al phase diagram
Ogden et al. [48] presented the first Ti-Al phase diagram in 1951 in conjunction with the results of
Hansen [49] and Fink et al. [50]. At the same time Bumps et al. [51] proposed an alternative phase
diagram for the range of Al between 0 and 57 wt.%. A few years later Crossley [47] revisited the
Ti-Al system up to 23 wt.% (35 at.%) Al using light microscopy, electron microscopy, diﬀerential
thermal analysis (DTA), dilatometry, X-ray diﬀraction, electron diﬀraction, and resistometry,
Figure 2.5(a). Lattice parameters of Ti3Al obtained from the X-ray diﬀraction and electron
diﬀraction analysis were: a=5.76 and c=4.70 Å(c/a=0.82). Some of the later study of 9 wt.%
(15 at.%) by Liew [19] confirmed that after long ageing an ordered phase of DO19 structure
formed and possessed a c/a ratio 0.80 ±0.02.
In 1976 Blackburn [42] oﬀered a phase diagram for the composition range up to 16 wt.% (25
at.%) Al. The structures of the phases in the alloys with oxygen levels between 1000 and
1800 ppm were studied using transmission electron microscopy (TEM), electron diﬀraction, and
X-ray diﬀraction. Blackburn [42; 43] questioned Crossley’s [47] work showing that many of the
features observed using light microscopy could be due to hydrogen contamination. The Ti-Al
system proposed by Blackburn, Figure 2.5(b), presented two-phase boundaries approaching each
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other, narrowing the two-phase field and becoming parallel with the a+b boundaries. Blackburn
reported the presence of a diﬀuse superlattice reflection in alloys containing 5.9 wt.% (10 at.%)
Al heat treated at 400  C for 400 hours and attributed his observations to short range ordering
or small domains of a2 (less a 2.5 nm in diameter). However, dark field analysis of additional
reflections was not possible. Further analysis showed that the size of the a2 particles increased
with increasing Al content and depended on the annealing temperature and time [42]. It was
concluded that Ti3Al remained as spheres up to 50 nm and then grew as ellipsoids. Some of
the later studies by Lütjering and Weissmann [52] reported that precipitates were spherical only
up to 10 nm. In work, conducted by Blackburn and Williams [53] it was noted that increasing
Al content in the binary Ti-Al alloys had an eﬀect on the slip mode. These observations were
latter confirmed by Traux and McMahon [37] in alloys containing approximately three times less
oxygen. The Ti-Al phase diagram presented by Sircar et al. [54] agrees well with that proposed
by Blackburn [42]. Sircar et al. [54] used a DTA technique to investigate the formation of the a2
phase in alloys with compositions from 6 to 16 wt.% (10 to 25 at.%) Al, Figure 2.6(a).
Swartzendruber et al. [45] used magnetic susceptibily measurements and electron microscopy
in an attempt to determine more precisely the position of the a\(a + a2) boundaries. These
researchers used Ti-Al alloys with oxygen concentrations of around 500 ppm. Dark field TEM
of the alloy containing 12.4 wt.% (20 at.%) Al aged at 1000  C for 48 hours showed the a2
precipitates in the bright field mode. The phase diagram proposed by these authors was in good
agreement with Blackburn’s phase diagram, but the a\(a + a2) region was moved to lower Al
concentrations and higher temperatures. Investigations conducted by Namboodhiri et al. [44]
confirmed Swartzendruber’s version of the Ti rich side of the Ti-Al phase diagram, Figure 2.7.
These authors studied decomposition of the a-phase in this system using high purity titanium and
the Ti-Al alloys containing up to 12 wt.% (19.5 at.%) Al with oxygen concentration between 500
and 800 ppm. Fine superlattice spots were observed in alloys after ageing for 400 hours at 500  C.
However, imaging using the dark field electron microscopy technique using these spots was not
possible. This was consistent with the observations made by Blackburn [42]. Lütjering and
Weissmann [52] investigated the eﬀect of ageing time and temperature on precipitate distributions
in binary alloys with Al concentrations between 8.4 and 11 wt.% (14 and 18 at.%). It was reported
that a2 regions nucleated from previously ordered regions. The authors observed fine a2 particles
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in the alloy containing 5.7 wt.% (9.7 at.%) Al which was heat treated at 500  C for 2 hours. Traux
and McMahon [37] performed systematic studies of pure Ti, Ti-2Al, Ti-4Al, Ti-6Al and Ti-8Al
(all wt.%) with a lower content of oxygen (350-650 ppm) heat treated at diﬀerent temperatures
and times in order to provide a better understanding of both the eﬀect of increasing Al and O
content and the precipitation of the Ti3Al on the plastic properties of Ti-Al alloys. The Ti-6Al
and Ti-8Al wt.% (10Al and 13Al at.%) formed a fine homogenous distribution of a2. In addition,
TEM studies showed that after 4% strain the deformation structure of the alloy with 8 wt.% (10
at.%) Al was very similar to that of Ti-3Al wt.% (5Al at.%) sample but with the level of oxygen
three times higher then previously (1200 ppm). Similar observations were reported by Blackburn
and Williams [53]. In contrast to earlier assumptions of a nucleation and growth mechanism,
Lenssen [55] indicated that ordering preceded spinodal decomposition to form a and a2. This
author investigated the formation of Ti3Al in the commercial near-a titanium alloy, IMI 834.
The authors found that superlattice spots in TEM diﬀraction patterns were noticeable before
composition variations could be detected using field ion microscopy (FIM).
2.5.2 Calculated Ti-Al phase diagram
Since Ogden et al. [48] and Bumps et al. [51] reported the initial versions of the Ti-Al phase
diagram many researchers have taken steps to explore this system. In 1987, Murray [41] published
a calculated version of the Ti-Al system based on a critical review of the available literature.
The phase diagram proposed by Murray is shown in Figure 2.7(a). This phase diagram includes
the ordered a2 and g (TiAl) phases between 23.3 and 51.1 wt.% Al, and surrounding equilibrium
cubic phases, b and a hexagonal a phase. However, no comparison between the calculated and
experimental phase boundaries was given. The calculations made by Murray were consistent with
the experimental data presented by Ogden, et al. [48], Bumps, et al. [51] and Collings et al. [56].
Murray’s diagram was later evaluated by Kattner et al. [33] who considered in the calculations two
more phases, namely, TiAl2 and Ti2Al5, Figure 2.6(a). In the early 90’s Okamoto [57] presented
a calculated Ti-Al binary system based on Blackburn’s [42] experimental results. These results
were not in agreement with Murray’s phase diagram. It was suggested that the disagreement on
the a\(a+ a2) boundary was due to diﬀerent oxygen concentrations in the studied alloys.
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Figure 2.5: Ti-Al binary phase diagram proposed by (a) Crossley [47] and (b) Blackburn [42]. Crossley [47]
concluded that the Ti3Al phase exists only as a stoichiometric line compound, while Blackburn [42] suggested
that the a2 phase exists over a wide range of compositions. He also indicated a region of short range ordering
(SRO).
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2.5.3 Boundary between the disordered a and the ordered a2 phase
The Ti-Al system is very important in the broad study of titanium alloys. Therefore it has
been the subject of various investigations and a number of phase diagrams have been presented.
Many researchers, on the basis of various studies, report diﬀering results. One of the areas of
disagreement is the phase boundary between the disordered hexagonal titanium a and the ordered
a2 phase. a2 has an ordered hexagonal DO19 superstructure witch arises from the disordered
hexagonal a phase. There are a number of suggestions in the literature suggesting that short
range ordering in Ti-Al alloys can occur [20; 21; 42; 44; 46]. Precipitation of the ordered DO19
structure is associated with a loss in ductility. However, it is not fully understood why this
phenomenon occurs and is possible that further improvements in service temperatures of Ti-Al
alloys by a possible developing our knowledge in this area.
In the studies conducted by Blackburn and Williams [53] it was proposed that ordering of Ti and
Al atoms in alloys with aluminium content more then 6 wt.% Al can occur. The authors observed
a slip transition from homogenous to planar slip with increasing Al content and connected it
with ordering. Since that time SRO has been discussed as an important factor contributing
to the anomalous solid-solution strengthening of Ti-Al. The later studies by Namboodhiri et
al. [44] and Swartzendruber et al. [45] on the a\(a+ a2) phase boundary suggested a shift in the
phase boundary to higher temperatures and lower Al contents. The later results of resistivity
measurements presented by Namboodhiri et al. [44] indicated the occurrence of short range
ordering in Ti-Al alloys above and below the solvus. Koike et al. [58] examined the possibility
of ordering in titanium alloys with Al content ranging between 7 and 13 wt.% using TEM
and X-ray diﬀraction. The authors discussed the appearance of additional peaks in both X-ray
diﬀraction and TEM analysis in terms of short range ordered clusters. Furthermore, it was found
that the relative intensity of the broad peak compared to other a-phase peaks increased with
increased Al content. At lower aluminium contents there were no additional peaks observed.
The position of the additional broad peak at higher Al concentration, was close to the {11¯00}
peak position of ordered Ti3Al. These results were consistent with previous work conducted by
Blackburn [42]. Liew et al. [19] carried out neutron diﬀraction experiments on Ti-9 wt.% Al
alloy on the POLARIS diﬀractometer at the Rutherford Appleton Laboratory, UK, using the
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high intensity ISIS spallation source in order to understand the phase decomposition mechanisms
operating in the binary Ti-Al system. Neutron diﬀraction spectra obtained from the specimens
heat treated in the range between 550 and 750  C for times up to 500 hours, clearly showed
diﬀuse peaks at the positions corresponding to the a2 structure. The intensity of the peaks
increased with increasing ageing time and temperature. Superlattice peaks were observed at
d-spacings of 2.91, 3.45 and 5.02 Å, which correspond to the {112¯0}, {112¯1} and {101¯0} peak
positions of the a2 structure. The peaks were broad during the early stages of decomposition and
became sharper after heat treating at 650  C for 500 hours. Moreover, TEM studies showed the
development of ordering within the alloy with increments in both ageing time and temperature.
Dark-field TEM imaging indicated that the ordered regions were spherical in shape initially
and then formed ellipsoids after longer ageing times. Superlattice reflections from the ordered
phase were visible in electron diﬀraction patterns before any evidence of composition variations
were observed. Liew et al. [19] suggested that the reactions involving coupled ordering and
phase separation may have occurred. In addition, their experimental results were consistent
with computer simulations. Very recently, Neeraj and Mills [21] provided evidence of SRO from
neutron scattering measurements. These authors presented neutron diﬀraction spectra obtained
from heat treated titanium alloys with Al concentration of 6 wt.%. Details of sample preparation
and heat treatment conditions can be found in [59]. Neeraj attributed an observed diﬀuse peak
between 20   and 50   in 2J to the presence of ordered a2 domains. The diﬀraction results from
these studies show that neutrons are an appropriate and highly valuable tool for studying the
Ti-Al system. In the previous studies [59] electron diﬀraction did not indicate the presence of
SRO, and there was no evidence of superlattice peaks.
2.6 Introduction to phase transformations
Internal energy, U
The first law of thermodynamics says that the change in the internal energy (U) is equal to the
heat (q) and work (w) that it does or are done by it, dU=dq-dw. If we consider thermodynamics
as a system of atoms in a container under a regime of pressure (P) and temperature (T), when
the system expands the container, it does work on the surroundings, equal to a pressure times
the volume (V) change of the system, dw=PdV (at constant P). The change in temperature of
26
the system is given by dq=CdT, where C is the heat capacity per mole of atoms. So finally we
can express this by Equation 2.3 at constant P and Equation 2.4 at constant V.
dU = CPdT – PdV (2.3)
dU = CVdT (2.4)
Entalphy, H
Entalphy is the version of internal energy U in a constant pressure. We can defined it as
H=U+PV. A total diﬀerential of that can be expressed by Equation 2.7.
dH=dU+VdP+PdV=dq+VdP (2.5)
At a constant pressure dPV=0 and therefore dH=CPdT.
Enthropy, S
Enthropy is the energy term that measures the degrees of disorder of the system. The third ther-
modynamic law states that as approach absolute zero, all process case and entropy approaches
a minimum. The second law of thermodynamics states that the entropy of an isolated system
which is not in equilibrium will tend to a maximum at equilibrium. We can define the entropy of
a system by Equation 2.6. If dS=0 the process is reversible, if dS>0 the process is irreversible,
whilst if dS<0 the process is prohibited.
dS =
dq
T
(2.6)
Gibbs Energy, G
Gibbs Energy can be defined by G=H-TS. A total diﬀerential of that can be expressed using
Equation 2.7
dG = dH – TdS – SdT = dq + VdP – TdS – SdT (2.7)
However if dT=0 and dP=0 ! dG=dq-TdS. TdS is greater than dq for natural processes and
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equal to dq in equilibrium therefore, dG60. At equilibrium we can write dG=VdP-SdT. In
constant pressure dGdT=-S and in constant temperature
dG
dP=V.
The driving force for any phase transformation is the change of free energy, or the diﬀerence
in energy between initial and final states, Equation 2.8. The free energy changes continuously
with the variations in the thermodynamic variables like temperature (T) or pressure (P) and the
system is no longer in the equilibrium state.
DG = DH – TDS = Gfinal – Ginitial (2.8)
DG < 0, process is spontaneous (a necessary criterion for any phase transformation),
DG > 0, process is not spontaneous (process forbidden),
DG=0, process at equilibrium.
The mode of phase separation is dependent upon the eﬀect of fluctuations in the initial state
which is due to the inhomogeneities in the local composition. Gibbs classified transformations
into two groups: (i) these which required significant atomic rearrangements over the small scale/
volume and (ii) these which required small rearrangements over large volumes. We will now
consider binary solid solution of A and B atoms. N will be a total number of atoms. It is
assumed that A and B have the same crystal structure in their pure states and can be mixed in
any proportions. We will consider 1 mol of homogeneous solid solution which is made by mixing
together xA of A atoms and xB of B atoms. Since there is 1 mol of solid solution xA+xB=1.
The Gibb’s free energy of the alloy can be defined by Equation 2.9, as the sum of the Gibb’s free
energy of the components plus the energy of mixing DGmix.
G = GAxA +GBxB +DGmix (2.9)
where DGmix will be composed of the enthalpy of mixing (DHmix) associated with the A-B
bonds and an entropy of mixing DSmix associated with the random mixing of A and B atoms.
Therefore DGmix can be expressed using Equation 2.10.
DGmix = DHmix – TDSmix (2.10)
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Entalpy of mixing, DHmix
For the purposes of this section let us assume we are dealing with a 2D binary alloy composed of
A and B atoms. We first pick an A atom in any location. The probability of having another A
atom as a neighbour, so having the pair of AA-neighbours is x2A. Equally if we consider atom B
the probability to have BB-neighbours is x2B and probability of getting AB-neighbours is therefore
2xAxB. To find out the overall energy in the system we can add the energy of AA-neighbours,
BB-neighbours and AB-neighbours. The energy of xx-neighbours (where xx is AA or BB) can
be written as 0.5zNx2xwxx where z is the coordination number (number of bonds which each
atom has), N number of atoms in a system and wxx is the energy of xx bond. The energy of
AB-neighbours is zNxAxBwAB. Therefore the overall energy of all the bonds in a system can be
expressed using Equation 2.11.
Hsystem = 0.5Nz(x
2
AwAA + x
2
BwBB + 2xAxBwAB) (2.11)
Based on the above discussion, we can express the entalpy of mixing for 1mol (DHmix) using
Equation 2.12
DHmix = Hsystem – xAHA – xBHB = 0.5NAzxAxB(2wAB – wAA – wBB) = xAxBWH (2.12)
where WH=0.5NAz(2wAB-wAA-wBB). When WH is:
- equal 0, the AB interactions are equivalent to AA and BB interactions (ideal solution),
- greater than 0, AB-bonds are unfavorable (clustering)
- less than 0, AB-bonds are favoured (intermetallic compound, long-range-ordered alloy).
The graphical representation of DHmix as a function of xB is given in Figure 2.8.
Entropy of mixing, DSmix
Planck postulated that the configurational entropy can be given by expression S=klnW, where
k is Boltzmann’s constant, W is number of diﬀerent ways in which atom can be arranged. We
will now consider the solution of N atoms, where number of A atoms is n=xAN and number of
B atoms is (N-n)=xBN. Before mixing, the A and B atoms are held separately in the system
and there is only one way in which atoms can be arranged. In a case when xA=0 or xA=1, then
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Figure 2.8: (a) A graph of DHmix as a function of xB for the mixing AB alloy. For WH negative the lowers
energies occur for equal atomic mixture of A and B atoms (xA=xB). In a situation when WH is greater than 0
the clusters of A and B would exist. (b) A graph of DSmix as a function of xB.
W=1 and prior to mixing W=1. Similarly in a case when xB=0 or xB=1, then W=1 and prior to
mixing W=1. The number of possible configuration for A atoms when xA 6=16=0 can be given by
Equation 2.13 and the B atoms will fill the remaining places.
W =
N(N – 1)...(N – n + 1)
n!
=
N!
n!(N – n)!
(2.13)
Stirling made an approximation that lnY!=YlnY-Y (for large Y).
Therefore, lnW=-xANlnxA-xBNlnxB. Based on the above discussion we can express entropy of
mixing using Equation 2.14 where R=NAk (the universal gas constant) and xA+ xB=1.
DSmix = klnW = –R(xAlnxA + xBlnxB) = –R(xAlnxA + (1 – xA)ln(1 – xA)) (2.14)
Free energy of mixing, DGmix
Free energy of mixing is given by Equation 2.10. By substituting into Equation 2.10 DSmix and
DHmix the free energy on mixing a regular solution is given by Equation 2.15
DGmix = DHmix – TDSmix = xA(1 – xA)WH +RT(xAlnxA + (1 – xA)ln(1 – xA)) (2.15)
This is shown in Figure 2.9 for diﬀerent value of WH and temperature (T). The variation in
free energy as a function of composition and temperature can be considered for three diﬀerent
situations: an ideal solution (DHmix=0), a non-ideal solution with a positive enthalpy of mixing
(DHmix>0), and a non-ideal solution with a negative enthalpy of mixing (DHmix<0). In the case
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of ideal solid solution, DGmix = -TDSmix, and since DSmix is always positive, DGmix is always
negative. At high temperatures, the -TDSmix term dominates. As the temperature decreases,
the DHmix term and the -TDSmix term become similar in magnitude and the free energy curve
shows two minima and a central maximum.
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Figure 2.9: The eﬀect of temperature and DHmix on DGmix
2.6.1 Spinodal decomposition
The majority of phase transformations that occur in alloys take place by thermally activated
atomic movements. Precipitation transformations can be expressed as a
0 !a+b where a0 is a
metastable supersaturated solid solution, a is stable solid solution with the same crystal structure
as a
0
and b is metastable or stable precipitate. As a result of precipitation transformation the
phase with diﬀerent composition to the matrix is formed and therefore long range diﬀusion is
required. Ordering reactions can occur without any composition change or long range diﬀusion
(adisordered !aordered). If we consider the case of the phase diagram with a miscibility gap, the
miscibility gap is the two-phase region as shown in Figure 2.10(a). If an alloy with composition
x0 is heat treated at temperature T2 and them quenched to the temperature T1 the composition
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Figure 2.10: (a) Free energy as a function of composition. (b) Miscibility gap and chemical spinodal of regular
solid solution. Solutions laying within the chemical spinodal region are thermodynamically unstable. Adapted
from [60].
will be the same and its free energy will be G0. This is schematically shown in Figure 2.10.
However any small fluctuations in alloy composition that produce A -rich and B-rich regions
will lower the overall energy. This will caused the system Gibbs free energy to decrease and
therefore up-hill diﬀusion takes place [61]. Regions richer in solute than the average become
richer, simultaneously poorer solute regions become poorer until the equilibrium composition c1
and c2 of the A-rich and B-rich regions are formed, Figure 2.11.
c2
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distance distance
distance distance
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Figure 2.11: Schematic diagrams of up-hill diﬀusion. Composition profiles drawn at increasing times t1<t2<t3<t4
during decomposition in an alloy quenched into the spinodal region. Adapted from [62]
Two modes of transformation, homogeneous and heterogeneous phase transformation in materials
have been identified [63]. Heterogeneous transformations occur by the nucleation and growth of
the product phase therefore the lattice can be separated in any stage into the regions which have
been transformed and the regions which have not. Homogenous transformations refer to these
taking place in all parts of the material at the same time. This special kind of transformation
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Figure 2.12: Various forms of the bulk free energy term, f. Adapted from [66]
known as spinodal decomposition is categorised as a homogeneous transformation, arising from
the thermodnamic instability of the composition. The transformation occurs homogeneously in
the alloy through the gradual buildup of regions enriched in solute. Spinodal decomposition
starts with small compositional fluctuations then spread out over the whole volume undergoing
transformation. The basic ideas of a theory of spinodal decomposition have been presented by
Hillert [64] and Cahn [65]. Cahn considered the occurrence of composition fluctuations in solid
solutions. He proposed a linearised theory of the initial stages, predicting sinusoidal waves in
composition which are symmetrical to the mean composition and grow exponentially in time.
Spinodal decomposition can be mathematically described by the Cahn-Hilliard equation (Equa-
tion 2.16 [66]).
df
dt
= –M(–52)adG
df
+ h (2.16)
where f is the field (e.g ordered state), G is a free energy, M is mobility, t is the time, h is
the random noise term. If f is a nonconserved field, then parameter a = 0; a = 1 if f is
a conserved field. G is made up of surface (h) and bulk (f) energy given by Equations 2.17
and 2.18. Figure 2.12 illustrates various forms of the bulk free energy, f.
f =
1
2
rf2 +
1
4
wf4 (2.17)
h =
1
2
k | 5f2 | (2.18)
where r, w, k are constants. h is assumed to be an even function of | 5f2 | because free energy
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does not depend on the direction of a gradient. Spinodal decomposition has been studied in a
number of Ti alloys such as IMI 834 [55] and Ti-15Al at.% [19; 67] which exhibit superlattice
spots in electron diﬀraction patterns. Furthermore, in many diﬀerent alloys it was possible to
image a spinodally decomposed microstructure [61; 68]. These microstructures are compara-
ble to computer simulations of a decomposed alloy. An example of a computer simulation of
decomposed microstructure is shown in Figure 2.13.
Figure 2.13: Computer simulation of a spinodal decomposed microstructure after 35, 125 and 500 iterations
respectively. The images demonstrate the evolution of decomposition in a 2D system. A gradual transition from
a disordered to ordered state with two types of domain (red=high, blue=low) can be observed. The yellow lines
separating the domains correspond to the diﬀuse interface (courtesy of Dr V.A. Vorontsov).
2.6.2 The formation and growth of the a2 phase
In titanium alloys with Al content greater than 12 wt.% (19 at.%) the formation of a2 precipitates
cannot be suppressed by quenching [44]. Previous studies of the Ti-Al binary system showed that
the a2 phase homogeneously nucleates in the a phase after heat treating materials in the two-
phase region [42; 44]. Blackburn observed superlattice reflections in TEM diﬀraction patterns
and attributed these to ordered domains which were too small to be imaged in dark field TEM.
Furthermore it was reported that the ordered a2 phase grew rapidly once formed. Sircar et al. [54]
investigated Ti-(12-16)Al wt.% (19-25Al at.%) and observed slower precipitation of Ti3Al with
increasing Al content. However they oﬀer no explanation for these results.
Studies by Lütjering and Weissman [52] on an alloy contains 5.7 wt.% (9.7 at.%) Al which was
slowly cooled from 950  C to 500  C and then water quenched showed a2 particles with average
size of 2.5 nm. Alloy with 8.7 wt.% (14.5 at.%) of Al showed that precipitates grew with increasing
ageing time and became ellipsoidal after longer heat treatments. The authors concluded that
a2 particles remain as spheres only up to particle sizes of approximately 10 nm. This value was
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lower than that of 50 nm observed by Blackburn [42]. Lütjering and Weissman [52] set up a
hypothesis that once the high density regions of a2 nucleated homogeneously, growth would take
place and the increase of particle size is proportioned to t1/3, where t is the ageing time. The
size of precipitates was estimated based on dark field TEM images and it was reported that
the ordered regions develop preferentially on boundaries and dislocations compare to the matrix.
Namboodhiri et al. [44] observed in Ti-7.7Al after ageing for 460 hours at 550  C precipitates with
average size of 10 by 6 nm, however after 200 hours at 695  C, size increased to 16.5 by 13.5 nm.
The diﬀerent behaviour was noticed in an alloy with 11.8 wt.% (19.2 at.%) of Al after the same
heat treatment conditions. After 200 hours at 695  C, Ti3Al precipitates were spherical, but over
time they grew and had irregular shapes. In the alloy with Al concentration of 5.9 wt.% (10
at.%), faint superlattice reflections were detected after ageing for 400 h at 550  C. However, dark
field imaging using these reflections failed and this observation was attributed to the presence
of ordering. It was consistent with the Blackburn’s studies [42] but contrary to the results of
research by Lütjering and Weissman [52]. This morphology was explained by Williams [69] by
considering the precipitate misfit, which is 0.35% parallel to [0001] and 0.83% perpendicular to
[0001]. Dependence of particle parameters on ageing time and temperature for Ti-Al base alloys
by Namboodhiri [44], Lütjering and Weissman [52] and Liew [19] is summarised in Table 2.3.
Crossley [39] studied the eﬀect of ternary additions molybdenum (Mo) and vanadium (V) on
the a\(a+ a2) boundary of Ti-Al base alloys. He found that Mo and V restrict the primary a2
phase. Ti3Al precipitates were not observed in the Ti-Al-Mo and Ti-Al-V samples containing
5.8 wt.% (10 at.%) Al after ageing at 700  C. The failure to observe a2 phase was explained
by the fact that reaction is very slow at 700  C. The noses (nose-the temperature at which
the transformation kinetics are fastest) of the time-temperature-transformation (TTT) curves
were found lie in temperature range 625-650  C and therefore reaction initiation times increase
significantly with temperature increasing. Lütjering and Weissmann [52] investigated the eﬀect
of ageing times and temperatures on precipitate size and distribution in binary Ti-(14-18) Al
wt.%. These authors concluded that homogeneous nucleation occurs easily as the misfit of a2
in the matrix is low and therefore Ti3Al precipitates require only a very small critical radius for
nucleation. Moreover, the small a2 regions were reported to nucleate in previously homogeneous
alpha phase regions. Figure 2.14 summarise the results of their studies. In this graph line A
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Table 2.3: Eﬀect of heat treatment time and temperature on a2 size by Namboodhiri [44], Lütjering
and Weissman [52] and Liew [19].
Alloy Ageing temperature [  C] Ageing time [h] Particle size Particle size
length [ nm] diameter [ nm]
Ti-7.7*
550 40 5 10
550 460 6 10
695 200 16.5 13.5
Ti-8.7**
700 100 30-40 ⇠ 10
725 100 ⇠ 40 ⇠ 15
725 250 ⇠ 100 ⇠ 25
750 100 ⇠ 40 ⇠ 15
750 250 ⇠150 50-60
Ti-9Al ***
550 500 ⇠ 1 ⇠ 1
650 20 1-2 1-2
650 80 3-5 3-5
650 500 7-10 7-10
750 4 10 10
750 20 25 12
750 80 60 20
750 500 180 45
*The precipitates were identified by electron diﬀraction, and the dark field image by
Namboodhiri [44].
**A summary of the measured particle parameter of specimens aged in the two
phase region (a+a2) given by Lütjering and Weissman [52].
***Average size of ordered regions by Liew [19] measured using dark field image
obtained using the superlattice reflection.
represents the equilibrium phase boundary. In the temperature region between lines A and B
a2 nucleates heterogeneously only on dislocations and grain boundaries. In temperature range
between lines B and C, nucleation occur first on preferred sites (dislocations and grain bound-
aries) and later throughout the matrix. Below temperature regions marked by line C nucleation
occurred simultaneously on dislocations and boundaries and throughout the matrix.
Dark field TEM studies of Ti-9Al wt.% (15 at.%) by Liew [19] showed that ordered regions
developed on lattice defects after ageing at 750  C for 80 and 500 hours. In samples aged at
550 and 650  C precipitates were distributed homogeneously. High-resolution TEM (HRTEM)
studies of the microstructure of the heat treated alloy indicated that in the early stages of
the separation process, the a and a2 phases exist on a fine scale (⇠ 5 nm after 500 hours at
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550  C). After longer ageing times, the ordered regions appeared to grow and merge. Ordered
and disordered phases were well defined after ageing for 80 hours at 700  C. HRTEM studies
showed that the ordered regions were coherent up approximately ⇠ 40 nm.
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Figure 2.14: Nucleation behaviour predicted by Lütjering and Weissmann [52]. Line A represents the equilibrium
phase boundary, line B and C delineate regions of diﬀering nucleation behaviour.
Lenssen [55] carried out studies on IMI 834 which was solution treated at 1030  C and then aged
at temperature between 600 and 750  C for up to 200 hours. He was able to observe ordered
regions in the a phase after ageing for 4, 100 and 200 hours at 700  C using TEM and atom probe.
From the dark field TEM observation it was concluded that after ageing for 4 hours the ordered
regions were approximately 2.5 nm in diameter and 10 nm apart whilst ageing for an additional 94
hours doubled their size. Later research conducted on the same alloy in the Foundation Institute
of Materials Science (IWT Bremen) [70] confirmed the formation of the Ti3Al precipitates in the
a phase after ageing at a temperature of 700  C for 2 hours. Ti3Al precipitates were identified
by observing superlattice reflections in selected area diﬀraction patterns. However, precipitates
were too fine to be visible in the bright or dark field images. Singh et al. [71] also observed
superlattice spots in diﬀraction patterns in the samples heat treated at 700  C for 2 hours and
associated them with the occurrence of a2 participates. Moreover, the authors were able to image
the fine and closely spaced ordered Ti3Al precipitates. Potozky et al. [72] studied the dislocation
behaviour using TEM. The authors showed planar dislocation slip in the material which was aged
for 2 hours at 700  C and air cooled. The formation of these slip bands was discussed in terms of
the shearing of ordered Ti3Al precipitates, inside a primary a grains, by gliding dislocations [52].
Thus, planar dislocation slip was noted in the primary a grains.
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2.7 Phase separation in Ti-Al alloys
When looking for the initial stages of phase decomposition it is essential to use a technique
which gives the best resolution possible. The experimentally determined phase boundaries refer
to the formation of the phase, as detected using the techniques available at the time. The Ti-
Al phase diagram constructed by Crossley [47] relied heavily on optical microscopy, while the
phase diagrams proposed by Blackburn [42] and later modified by Swartzendruber et al. [45]
and Namboodhiri [46] were based on techniques which give higher resolution. From this it would
appear that part of the Ti-Al phase diagram published by Namboodhiri [46] is the most accurate.
Early studies of binary Ti-Al alloys lying in the two-phase region [44], assumed homogenous
nucleation of the ordered a2 phase. Properties of Ti3Al, TiAl and TiAl3 are summarised in
Table 2.4.
Table 2.4: Properties of titanium aluminide [73–76]. The advantages common to most alu-
minides are the low density resulting from the high aluminium content and the high melting
point due to the stable ordered structure [77; 78].
Ti3Al TiAl TiAl3
Crystal Structure DO19* L10 ** D022 ***
Melting temperature [  C] 1600 1460 1350
Density [gcm–3] 4.1-4.7 3.8-4.0 3.4-4.0
Room temperature ductility [%] 1-4 1-4 10-25.
High temperature ductility [%] 2-10 1-4 10-25.
Density [gcm–3] 10-20 10-60 12.0
Young’s Modulus [GPa] 120-145 170-175 95-115
Room temperature tensile yield strength [MPa] 700-990 400-775 120-425
Maximum use temperature [  C] 600-700 600-850 <1000
*Ordered hexagonal close packed structure.
**Ordered tetragonal structure.The fcc structures have all their faces and their
corner sites occupied by the same atoms, or in the case of an alloy, the prob-
ability of each site being occupied by a specific type of atom is the same. L10
is the fcc structure and has two of the faces occupied by one type of atom and
the corner and the other face occupied with the second type of atom [79].
***Ordered tetragonal structure.
It is well known that solid solution alloys can exist in an ordered or/and a disordered state. Where
the periodic arrangement of atoms occurs over large distances in the crystal, this is called long
range ordering (LRO). In disordered alloys, atoms are distributed randomly. To better introduce
and explain the term short range ordering (SRO) consider an A-B binary alloy with composition
cA, cB. At temperature T=0 the alloy is separated into two phases: one with pure element A
and the other with pure element B. When the temperature increases, the two components of the
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model alloy begin to mix xB + xA=1, so after transformation xA=1-xB and xB=1-xA. For many
binary alloys it is known [80; 81] that the situation is energetically favourable when the atoms A
are surrounded by the B atoms, rather than A around the A atoms and B around B. The degree
of the SRO is described in such binary systems in terms of the pair distribution probabilities
PAA, PAB, PBA, PBB. If a site is occupied by an atom of type A, a neighbouring site will be
occupied by an A atom and B atom with a probability PAA and PAB, respectively. We can
define the pair distribution functions of neighbouring sites using Equations (2.19)-(2.22) [80; 82].
PAA = xA + xBaSRO = xA + (1 – xA)aSRO (2.19)
PBB = xB + xAaSRO = xB + (1 – xB)aSRO (2.20)
PAB = 1 – PAA = xB – xBaSRO (2.21)
PBA = 1 – PBB = xA – xAaSRO (2.22)
Where aSRO is an order parameter (also calledWarren-Cowley SRO parameter) and xBPBA=xAPAB.
The following three cases could exist:
• aSRO= 0 - random alloy or disordered alloy
• aSRO> 0 - clustering (refers to the tendency of atoms of a given kind in the alloy to
surround themselves by like atoms). Therefore for aSRO the alloy separates into pure-A
and pure-B phases.
• aSRO<0 - ordering (refers to the tendency of atoms of a given kind in the alloy to surround
themselves by unlike atoms).
Thus clustering refers to the tendency of atoms of a given kind in the alloy to surround themselves
by like atoms, whereas ordering signifies the opposite eﬀect. Thus for aSRO=1 the alloy separates
into pure-A and pure-B phases. For aSRO=-1 and xA=0.5 perfect long-range order occurs where
atom A has only B atoms as nearest neighbours and atom B has only A atoms as nearest
neighbours.
Fisher [83] was the first to study the influence of SRO on the mechanical properties of close-
packed solid solutions. He suggested that due to the motion of a dislocation through an ordered
material, the order was destroyed. Therefore, it was thought that an additional stress is required
to force the displacement along the slip plane. Fisher, however, based the conclusions on theo-
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retical calculations, rather than on experimental data. A few years later, Flinn [84] investigated
quantitatively the influence of SRO and of the segregation of solute atoms at dislocations for gold-
silver and gold-copper alloys. The results of these investigations were in good agreement with the
theoretical predictions. Since results by Flinn were published, a discussion of the problem has
appeared commonly in the literature but the subject remains still unresolved. Various studies
have reported either strengthening or weakening [85] may be observed due to local ordering. It
was suggested that extent of SRO is dependent upon the magnitude of ordering [86].
The detection of an ordered structure in Ti-Al alloys has been usually performed using TEM
and X-ray techniques. However, recently it was emphasised by Neeraj [59] that a more suitable
technique to study ordering in Ti-Al system is by neutron diﬀraction since the scattering factor
for neighbouring Ti and Al atoms is significantly diﬀerent.
2.7.1 Property changes associated with ordering
One of the main issues in gas turbine fan blades and discs is dwell fatigue. This is a phenomenon
where 2 minutes holds at the maximum stress in the cycle result in large (⇥10) reductions in
cyclic life. Dwell fatigue is observed to occur mainly in a and a + b titanium alloys with Al
concentration higher then 6 wt.%. Based on published data it is believed that deformation first
begins in soft grains (favourably oriented for slip), which give rise to a slip step which then
results in faceting on a hard grain (unfavourably oriented for slip) [87; 88]. Dwell fatigue issues
are observed in alloys which have been aged at temperatures around 500  C, associated with
ordering of the Al present in solution [21; 59; 89]. The reason given for this is that symmetrically
related Ti3Al can only slip on every other plane without causing stacking defects and therefore
deformation in ordered a Ti alloys is more prone to localisation; it is observed to be highly planar.
The eﬀect of heat treatment time and temperature on a2 size in Ti-Al alloys with diﬀerent Al
concentrations has been studied from the late 1960s [19; 42; 44; 52; 53]. A number of titanium
alloys containing more than 6 wt.% Al and other alloying elements, such as Ti-6Al-4V [90], Ti-
6Al-2Sn-4Zr-2Mo [91] or Ti-6.3Al-2Zr-3.3Mo-0.3Si [92] have shown evidence of the formation of
ordered Ti3Al precipitates.
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Electrical resistivity and mechanical properties of Ti alloys change when ordering occurs. It has
previously been observed that strengthening [58; 93] and/or brittleness eﬀects [89] due to the a2
ordered phase depends on the shape, size and distribution of the ordered phase [94]. This topic
is discussed in Section 2.6.2. Similar conclusions were reported for other systems, for example
Cu-Al [95]. The change in yield stress was believed to be related to the degree of ordering.
Creep strengthening in binary Ti-7Al alloy was investigated by Koike et al. [58]. They noticed
anomalous high temperature strength in alloys containing between 4 and 8 wt.% (7 and 13 at.%)
Al during testing at 826  C. The observed phenomenon was attributed to the presence of short
range order. Therefore a2 phase can be beneficial for high temperature strength but at a cost in
ductility and fatigue performance.
There are many examples in the literature of the observation of planar slip in titanium alloys
with Al concentrations higher than 6 wt.%, which is often linked with the occurrence of ordering.
Experimental work by Neeraj [21] confirmed that the a phase in the Ti-Al binary system is able
to develop SRO. Furthermore, she observed weak fringes in Ti-6Al within the planar slip bands
and these were interpreted as being due to the destruction of ordering by the movement of
dislocations. Ordering results in a change in the dislocation behaviour to a scenario where short,
straight segments of prism h112¯0i {101¯0} dislocations are observed to travel in pairs [89; 96]. Such
changes have been observed even where imaging of the a2 is impossible, and also in samples that
have been subjected to hydrogen-related hot salt stress corrosion cracking [42]. Moreover, planar
slip was reported to occur [97] in alloys which were aged at 500  C, with the slip line distribution
becoming coarser in alloys with higher oxygen content. Similar results were previously observed
by Williams et al. [96; 98] in Ti-10Al (wt.%). It was suggested that higher degrees of order
change slip from wavy to planar and lead to slip localisation on a smaller number of slip planes.
The appearance of very coarse, planar slip was explained to be caused by dislocations cutting a2
particles.
Koike et al. [58; 93] studied the high temperature strength of Ti-alloys with Al concentrations be-
tween 7 and 13 wt.% (4 and 8 at.%) with a locally ordered structure. The strength was explained
to be caused by the formation of ordered clusters. The authors confirmed their hypothesis us-
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ing X-ray diﬀraction and TEM studies which indicated the appearance of additional diﬀraction
peaks. The position of the diﬀuse superlattice reflections in the electron diﬀraction patterns
were in good agreement with the positions reported by Blackburn [42]. Earlier, Namboodhiri
et al. [44] determined the a\(a + a2) phase boundary using electrical resistivity measurements
and they suggested a shift in the phase boundary towards the Ti rich side compared to results
by Blackburn [42]. In the later work, Namboodhiri [46] reported a SRO region in the Ti-Al
phase diagram. Wu et al. [90] observed planar slip bands which contained paired dislocations in
Ti-6Al-4V which was aged at 500  C for 5 weeks. The authors attributed this to the presence
of ordered domains of a2 within the alpha phase. Moreover it was reported that this ageing
increases the tensile strength of the alloy.
The formation of Ti3Al precipitates is a serious problem in the aerospace industry. The eﬀects
of ordering on the mechanical properties of Ti-Al has been in recent years the subject of much
research eﬀort. A number of studies have focused on clarifying the influence of times and temper-
atures on the ordering, but there are still some areas of uncertainty associated with the formation
of ordered domains and/or the ordered a2 phase.
2.7.2 Eﬀect of other elements on the formation of ordered clusters
The high temperature near-a titanium alloys are modified Ti-Al alloys where other elements
are added to (i) shift the phase boundaries on the phase diagram or (ii) change the kinetics of
the phase transformation. Alloys containing up to approximately 6 wt.% of b stabilisers have a
mixture of a and b phase, for example Ti-6Al-4V. Al reduces density, stabilises and strengthens
the a phase while V is added to promote the formation of the more ductile b phase.
One of the most recognised high temperature titanium alloys is near-a IMI 834 [9; 11]. This alloy
has a low volume fraction of b which is achieved by reducing the b stabiliser additions, such as
Mo. Tin (Sn) and zirconium (Zr) are added as a stabilisers [12], silicon (Si) is added to increase
high-temperature strength by the formation of fine ordered precipitates having a stoichiometry
of (Ti,Zr)6Si3 on the lamella boundaries [70; 99; 100]. Table 2.5 summarises the role of each
individual alloying element on the phase chemistry and alloy properties.
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Table 2.5: The role of alloying elements in IMI 834 [21; 39; 44; 53; 55; 59; 70; 101].
Role of individual alloying element
Al a stabilising element which raises the b transus
Added up to 7 wt.%, above this embrittlement occurs due to the formation of Ti3Al
Lowers density
Sn a stabilising element which has little eﬀect on the b transus
Does not cause the formation of Ti3Al
Improves the strength at the top of the temperature range
Increases density
Zr a stabilising element which has little eﬀect on the b transus
Added up to 6 wt%, above this embrittlement occurs due to the formation of Ti3Al
Mo b stabilising element which increases the response of alloys to heat treatment
Improves the strength and increasing hardenability
Added lower than 2 wt%, gives long term creep strength and avoids welding issues
Nb b stabilising element added to improve oxidation resistance
Si Increases the ability to form Ti3Al precipitationes
Added to improve creep properties by reducing dislocations movement
If the local concentration exceeds the solid solubility limit silicides are formed and
large silicides can cause a reduction in ductility
Mechanical property and the resistivity studies in dilute Ti-Al alloys suggested that in materials
that were aged or are used in service at relatively low temperatures, ordering was present [44; 53].
It was reported by Namboodhiri et al. [44] that in the Ti-Al system with Al concentrations greater
than 9 wt.% (15 at.%) the formation of ordered a2 precipitates cannot be the suppressed by fast
quenching. Blackburn and Williams [53] concluded that suppression of a2 is impossible by fast
quenching in alloys with more than 10 wt.% Al (16 at.%). Rosenberg [91] examined the eﬀect
of tin (Sn), zirconium (Zr) and oxygen (O) on the precipitation of ordered phase in Ti-6Al-
2Sn-4Zr-2Mo wt.%. He suggested that the Ti3Al phase caused embrittlement in Ti-Al with Al
concentrations higher than 9 wt.% (15 at.%). Crossley [39] studied the eﬀect of O, Sn, Zr, niobium
(Nb), molybdenum (Mo) and vanadium (V) on the a\(a + a2) boundary of Ti-Al base alloys.
Oxygen was found to decrease the solubility of Al in a and, therefore promote the formation
of Ti3Al. Moreover Crossley reported that tin prevents the formation of ordered Ti3Al in the
matrix. This conclusion was based upon the light microscopy observation that the Ti-13Al-1Sn
(7.6Al-2.6Sn) alloy contained more precipitate than the Ti-12Al-2Sn (6.9Al-5.1Sn) alloy. This
phenomenon was explained to be due to the fact that tin additions caused the primary solid
solution to accommodate more atoms of Al and Sn combined than it accommodates Al atoms
alone. Lenssen [55] investigated IMI 834 using TEM studies in order to identify the elements
which have a significant eﬀect on the ordering phenomenon. He observed ordered regions in the
samples which were aged for short times and suggested that they were Ti3Al precipitates.
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The eﬀect of O content on the structure and mechanical properties of Ti-8.6Al wt.% (14.3Al at.%)
was investigated by Gray et al. [97]. TEM dark field studies of samples aged at 500  C for 24 hours
showed that the volume fracture of a2 precipitates increased with increasing O content from 500
to 2000 ppm. These results were confirmed using X-ray diﬀractometry measurements. Moreover
planar slip was reported to occur in all the studied cases. However, the slip line distribution was
observed to became coarser for the Ti-8Al wt.% (13Al at.%) alloy; it was suggested that when
aged at 695  C, an increase in oxygen content (from 600 ppm to 1200 ppm) increased the volume
fraction of the ordered a2 phase.
Imbert [102] associated the ordering in Ti-6Al-5Zr-1W-0.4Si with the addition of Zr. In view
of this, the ordering observed in the alloy was believed to be caused by the enrichment of the
a phase by Al and not associated to the addition of strong b stabilisers. However, studies by
Ramachandra and Singh [92] refuted Imbert’s hypothesis. They found that the precipitation of
ordered Ti3Al occurs in an alloy with a composition of Ti-6.3Al-2Zr-3.3Mo-0.3Si (wt.%) after
ageing for 24 hours at 550  C. These results were in contradiction with results published earlier
by Ramachandra [103]. No evidence for precipitation of ordered a2 in Ti-6Al-5Zr-0.5Mo-0.25Si
(wt.%) was observed. This phenomenon was explained to be due to the lower content of strong
beta stabilisers, such as Mo. Ramachandra and Singh [92] suggested that ordering observed in
aged Ti-6.3Al-2Zr-3.3Mo-0.3Si (wt.%) was mainly caused by the addition of Si and Mo which
strongly partition to the b phase; therefore the a phase is depleted of these elements and is
consequently enriched in Al during ageing. Although much research has been carried out on the
eﬀect of b stabilisers on the formation of the ordered a2 phase is it not well reported and seems
not to be well understood.
2.8 Dislocations
Dislocations are a type of defect in crystal structures. The presence and behaviour of these
line imperfections can significantly modify material properties. In this section, the diﬀraction
contrast techniques to study the defect structure will be discussed. First of all it is important
to explain how we define contrast. ‘Contrast is the appearance of a feature in an image’ by
the definition given in reference [133]. To analyse a dislocations in a material it is essential to
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determine the type of dislocation visible in a TEM image. For this purpose it is vital to find
the Burgers vector of a dislocation in order to decide if the dislocation is a pure edge, screw,
or a mixed dislocation, Figure 2.15. A dislocation bends the lattice planes near the dislocation
core, which leads to a diﬀraction contrast in the image. If g · b=0 (g is the diﬀraction vector
and b the Burgers vector) the dislocation line is not visible in dark field imaging, because then
the displacement field is parallel to the exploited hkl plane and does not change the phase. This
relation is called g · b criterion. If g · b6=0 the dislocations will be visible in the image. This
enables Burgers vector determination and identification of the dislocation type by taking images
of the same sample area, exploiting diﬀerent reflections g.
Burgers vector
c) d)
Burgers vector
a)
extra half plane of atoms
b)
Figure 2.15: (a) Burgers circuit round an edge dislocation. (b) Burgers circuit from (a) in perfect crystal. (c)
Burgers circuit round a left-handed screw dislocation with positive line sense. (d) Burgers circuit from (c) in
perfect crystal. Adapted from [134].
2.8.1 Impact of ordering on dislocation configuration
In the literature, it has been noted that the movement of dislocations in a material in response
to applied load can be aﬀected by the internal structures [20; 21; 53]. By the movement of
dislocations preferably formed bonds are broken, that tend to disorder an ordered solid solutions.
It was first pointed out by Fisher [83] that ordering can provide strengthening in solid solution.
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Dislocations destroy local ordering or clustering across slip planes and consequently the free
energy of an alloy will be raised [83]. As a result of movement, the first dislocation creates an
antiphase boundary (APB), and the second one glides along the exact same plane in order to
lower the energy and modify the APB. Neeraj et al. [59] observed a deformation microstructure
consisting of planar dislocation arrays in Ti-6Al wt.% (10Al at.%) alloy. Slip was observed to be
planar in samples which were heat treated to introduce ordering. The authors suggested that in
alloys with SRO, the lead dislocation make such a fault.
The addition of Al to titanium alloys eliminates twinning, and also changes the slip character
[116] to planar configurations [89]. Changes in mechanical property and resistivity studies have
shown that in dilute Ti-Al alloys ordering is a result of heat treatment [44]. It was reported
by Namboodhiri et al. [44] and Blackburn and Williams [53] that in the Ti-Al system with Al
concentrations greater than 9 wt.% (15 at.%) the formation of ordered a2 precipitates cannot be
suppressed by fast quenching. Blackburn and Williams [53] suggested that this slip transition
is a consequence of the presence of short-range order between the Ti and Al atoms. In an alloy
with an Al concentration of 6 wt.% (10 at.%) they observed planar slip and the pairing of lead
dislocations, but they did not observe Ti3Al precitipates. At higher Al contents and after longer
heat treatments, a2 precipitates were observed, and the planar nature of slip intensified [53]. This
hypothesis was supported by Neeraj et al. [59] who carried out neutron diﬀraction experiments on
Ti-6Al wt.% (10Al at.%). Cohen and Fine [137] suggested that the presence of paired dislocations
in a single phase region is good evidence of ordering in atomic configurations. Brandes [89]
observed SRO in titanium alloys containing 4 to 12 wt.% Al (7 to 20 at.%), developed as a result
of heat treatments, which strongly aﬀected slip character. Although it has been reported that
variations in the ordered states significantly influences creep behaviour [21], there are gaps in
our knowledge of how chemical ordering can aﬀect the extent of planar slip occurring during
fatigue in a titanium alloys. In alloys containing more than 6 wt.% (10Al at.%) Al, an increased
tendency for planar slip was observed by Lim [38]. In alloys with lower Al concentrations but
with high oxygen contents, similar behaviour has been noticed. It was suggested that oxygen
has a detrimental influence on the degree of short-range order [38; 97]. Williams et al. [98]
investigated the eﬀect of oxygen concentration on the dislocation arrangements in a- Ti alloys.
Increasing oxygen content from 475 to 5200 ppm was reported to cause the transition from wavy
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(easy cross-slip) to planar (diﬃcult cross slip) slip [96]. Wu et al. [90] studied in Ti-6Al-4V aged
for 5 weeks at 500  C and observed superlattice spots in the electron diﬀraction patterns, using
these reflections a2 particle could be imaged. Furthermore, the authors observed that the spacing
between dislocations pairs varied and suggested that the extent of ordering was diﬀerent from
one region to another. The appearance of weak fringes in fatigue rested samples which were aged
was linked to the presence of ordering.
2.9 Deformation behaviour
For a given material, the plastic deformation mechanisms are dominated by dislocation glide,
twinning or phase transformations; possibly coupling between mechanisms will be involved [104].
Slip in polycrystalline materials is a complex phenomenon. It can be defined as plastic deforma-
tion by the movement of dislocations under an applied stress, shown schematically in Figure 2.16.
The sliding of portions of the crystal over one another along slip planes produces a step, or a slip
band, at the free surface. Due to the variable crystallographic orientations of diﬀerent grains,
the direction of slip varies from one grain to another.
Slip plane
Figure 2.16: The arrangement of atoms around a dislocation, the presence of an extra half plane of atoms. The
application of a shear stress produces slip, when this stress exceeds a critical value. The arrows indicate the
applied shear stress. The atoms move along the slip plane, producing a step (slip step) at the surface.
2.9.1 Slip systems and critical resolved shear stress (CRSS)
Studies in single crystals show that slip tends to occur preferentially on certain crystal planes
and in certain specific crystallographic directions [113]. Slip involves the displacement of atoms.
Slip via dislocation movement requires only a low stress [114] and the lowest shear stresses are
observed on the most densely packed planes along the directions in which the atoms are closest
packed. The combination of a slip direction and slip plane is called a slip system [10; 11; 104]
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The deformation of titanium is complicated by the wide variety of possible deformation mech-
anisms. Pure titanium and titanium alloys at low temperature form a hexagonal close packed
structure. The resulting c/a ratio for pure a titanium is 1.586, significantly lower than the ideal
ratio of 1.633 for the close packed hexagonal lattice. This metal is intrinsically anisotropic, which
has important consequences for the elastic properties. Titanium has a number of slip planes and
slip directions. The main slip directions are the three close packed directions of the type <112¯0>.
Slip in the hexagonal a phase is commonly reported along slip planes containing an –!a Burgers
vector such as: the basal (0002) plane, the three prismatic {101¯0} planes and the six pyramidal
{101¯1} planes (Table 2.6).
Table 2.6: Slip systems in the alpha phase. Adapted from [11].
Slip system type Burgers vector type Slip direction Slip plane No. of slip systems
Basal –!a <112¯0> (0002) 3
Prismatic –!a <112¯0> {101¯0} 3
Pyramidal –!a <112¯0> {101¯1} 6
1 st order Pyramidal –!c+–!a <112¯3> {101¯1} 12
2 st order Pyramidal –!c+–!a <112¯3> {112¯2} 6
These combinations appear to give a total of 12 slip systems, shown in Figure 2.17. However, the
combined eﬀect of some slip systems duplicates the action of another. Taking this into account,
the total number of independent slip systems is reduced to 4. The high temperature b phase has a
cubic structure. The bcc phase contains a number of close packed slip planes; 6 {110} planes each
with two <111> directions. These give a combination of 12 diﬀerent slip systems. Von Mises
was the first to point out that for a polycrystalline material to be able to undergo a homogeneous
plastic deformation, at least 5 independent slip systems must be activated. Therefore, when a
slip system with –!c+–!a Burgers vectors or a twining system is operative, this alone provides the
five independent modes suﬃcient to generate plastic deformation [11; 115]. Williams and co
workers have reported, on the basis of studies on titanium alloys containing greater than 5 wt.%
Al [116], that twinning is almost completely suppressed. The presence of –!c+–!a type dislocations
has been observed using TEM in diﬀerent titanium alloys [11].
A relationship between the stiﬀness and basal plane orientation has been reported since the early
1960s for single crystals of pure titanium. The internal anisotropic behaviour of the hexagonal
crystal structure of the a phase has important consequences for the elastic and plastic behaviour
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of titanium and its alloys. Variation of the Young’s modulus in a-Ti single crystal at room
temperature is a function of the angle b between the c-axis of the unit cell and stress axis,
resulting in modulus variations between 145 GPa (stress axis parallel to the c-axis) and 100 GPa
(stress axis perpendicular to the c-axis) [117]. The phenomenon that neighbouring grains can
possess diﬀerent elastic properties is clearly evident and is believed to control early deformation
and facet formation [138]. Deformation along the c-axis is generally possible by activating a
slip system with a so-called non-basal Burgers vector –!c+–!a type with the slip direction <112¯3>
shown in Table 2.6.
basal <a> slip
     (0002)
prism <a> slip
            _
       {1010}
pyramidal <a> slip
             _
        {1011}
          
pyramidal <a> slip
               _
          {1011}
          
2nd order pyramidal <a> slip
             _
        {1122}
          
Figure 2.17: Slip modes in hcp metals. Adapted from [118]
Cracks in titanium alloys are generally found to have a basal plane orientation and are considered
to be due to the separation of slip bands under the action of a tensile stress normal to the
slip plane [87]. Early work by Evans [119] suggested that the facet planes in IMI 685 were
oriented with an angle of 5 degrees to the basal plane. Davidson and Eylon [120] determined
the orientation of the crystallographic plane of fracture in both continuously cycled and dwell
fatigue IMI 685. The authors reported that for the dwell fatigue specimens, the facet planes near
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the crack initiation site and those that were propagation facets, were oriented between 4 degrees
and 16 degrees to the basal plane. The facet planes of the continuously cycled specimens were
reported to be 6 to 16 degrees from the basal plane. These measurements were supported by
Sinha et al. [121; 122]. The crystallographic orientation of the facets in Ti-6242 was determined
using quantitative tilt fractography and electron backscatter diﬀraction (EBSD) in conjunction
with scanning electron microscopy. The authors reported that the zero dwell fracture facets were
oriented at approximately 5 degrees with respect to the basal plane and the dwell-fatigue fracture
facets were oriented between 10 degrees and 15 degrees with respect to the basal plane. The
fracture facets during static loading were oriented at 20 degrees with respect to the basal plane.
Mechanical tests carried out on single crystals of metals have provided evidence for crystal slip
being the origin of plasticity. Imagine a single crystal in the shape of a cylinder which is tested
in tension, Figure 2.18. Activation of each slip system is dependent on the Schmid factor (m)
which is described the following Equation 2.23.
m = coslcosf (2.23)
where f is the angle between the normal to the slip plane and the tensile axis, and the angle
which the loading direction makes with the slip direction is l. The Schmid factor calculation is
influenced by grain orientation relative to the loading axis and the critical resolved shear stress
(CRSS) to move dislocations. Plastic deformation occurs first on slip systems which have the
largest Schmid factor.
The cross-sectional area is denoted by A and the crystal is under tension from an applied load.
The tensile stress parallel to the applied load is s. The resolved shear stress (tR) acting parallel
to the slip direction on the slip plane can be calculated as follows; the component of the axial
force F that lies parallel to the slip direction is Fcosl, the area of the slip plane is A/cosf, which
is given by Equation 2.24.
s =
force
area
= tR =
Fcosl
A/cosf
=
F
A
coslcosf =
F
A
m (2.24)
As the load, F, increases, the resolved shear stress increases on each slip system. Slip begins
when the shear stress on the slip plane in the slip direction reaches tC - a critical resolved shear
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stress. This shear stress is a maximum tRmax when l=f=45  . Facet formation close to the
fatigue crack initiation site is commonly found near or on the basal plane of a titanium alloys
when the c-axis is oriented approximately parallel to the loading axis. On the other hand, at
longer crack lengths, these basal planes are commonly found to form a 45   angle with the tensile
axis.
tensile -axis
slip step
slip plane
slip plane normal
cross-section area, A
F=σA
F
slip directionϕ
λ
Figure 2.18: Schematic representation of the geometric relationship between the tensile axis, slip plane and slip
direction. Adapted from [10].
2.9.2 Soft and hard grain
Cyclic loads result in the failure of components at stresses below the yield or ultimate strength of
the material. This phenomenon is called fatigue. It takes place via the initiation and propagation
of cracks until they become unstable and propagate to failure [105]. Slip preferentially occurs on
planes with a high resolved shear stress. A significant amount of research has been conducted in
order to understand how slip can occur on basal planes that are oriented nearly perpendicular to
the loading direction and have an essentially zero critical resolved shear stress (CRSS). Evans [1]
and Bache [106] have explained facet formation based on the Stroh dislocation pile-up model for
an elastic grain adjacent to a second grain. This model describes early crack formation in all
titanium alloys under fatigue loading. In essence, it illustrates a process of stress redistribution
between a weak grain and a hard grain. Stroh originally called them the source and failure
grains. Those grains in which the basal planes are perpendicular to the applied loading direction
have an orientation unsuitable for slip (hard grains). Grains oriented favourably for slip (weak
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grains) can potentially pile-up dislocations, Figure 2.19. Stroh showed that the shear stress ts
developed on the source slip band induces a tensile stress sres normal to the failure slip plane
in the neighbouring grain [107]. However, if the assumptions in the Stroh model are assessed,
it becomes clear that a particular combination of crystallographic orientations is necessary, but
this alone is not a suﬃcient requirement for faceting to occur. The explanations such as that of
Evans [1] cannot be used in a quantitative sense. Rate dependent crystal plasticity models were
θ
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pile-up dislocations
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Figure 2.19: Schematic representation of the stress redistribution during facet formation based on the Stroh
dislocation pile-up model. Adapted from [1].
developed in Ti-6Al by Hasija et al. [108], Venkataramani et al. [109] and Dunne et al. [110–112].
In the work by Dunne [110] it was shown that the most damaging combination for facet formation
arises when a badly oriented, or hard grain, is oriented with its c-axis parallel to the applied load
and an adjacent secondary softgrain with its c-axis normal to the load and an active prismatic
slip system at about 70   to the x-axis; refer to Figure 2.20. This phenomenon is termed load
shedding [112]. The crystallographic orientation of the hard grain, together with the two soft
grains, is termed a rogue grain combination. An important and highly relevant conclusion from
their work is that stress is redistributed from the grains orientated well for slip (with c-axes
normal to the load direction) to those less well oriented (c-axes parallel with the load), therefore
leading to increasing stresses carried by the badly orientated grain. The experimental evidence
for this hypothesis, as discussed and reviewed by Dunne [112], relates to the observation of (0002)
faceting in the absence of resolve share stress on basal plane and the influence of macrozones on
fatigue behaviour.
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Figure 2.20: Schematic illustration of the rogue grain crystallographic orientation configuration. The primary
hard grain has its c-axis near-parallel to the y-direction the secondary and the tertiary soft grains have their
c-axis parallel to the z-direction; adapted from [110].
2.10 Fatigue in titanium alloys
Titanium and its alloys have found application in the aerospace industry, chemical industry and
in medicine [10]. It is widely reported that certain titanium alloys undergo a phenomenon called
faceting which is observed during micro-crack development [110]. Facets are crystallographic
features of cyclic or time dependent fractures, commonly found on the fracture surfaces of alloy.
They develop as a microcrack nucleated over the length scale of comparable to the average grain
size during fatigue loading [138]. Facet formation close to the fatigue crack initiation origin
is commonly found on or near the basal plane lying near perpendicular to the principal stress
axis [139]. This phenomenon was observed for both smaller specimens (laboratory specimens)
and larger specimens (engineering components). It was reported by Song and Hoeppner in IMI
829 and IMI 685 [140] that there is a volume dependency. Usually, the greater test volume would
be expected to result in a lower life, due to the greater probabilities of finding the weakest possible
microstructural combination, e.g. a hard grain or large prior-b grain. Song and Hoeppner [140]
argued that their finding, of a lower life is smaller specimen, was an artefact of constraint between
the large prior-b grains, which were 0.1 of the smallest sample diameter in size. Furthermore, the
formation of facets has been related to a number of factors including slip character, slip length,
and material texture [141]. Facet formation is a consequence of stress redistribution within the
alloy, due to the inhomogeneous distribution of microstructure and slip systems [1]. Subsurface
fatigue crack initiation is commonly reported in titanium alloys [107; 142]. Such sites have quasi-
cleavage facets near the basal orientation relative to the hexagonal crystal lattice. The term
quasi-cleavage recognises the fact that facets typically have a near basal plane crystallographic
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orientation. They are not considered to be a result of a brittle fracture mechanism, but due
to the progressive separation of intense slip bands under the action of a tensile stress normal
to the slip plane [138]. Pilchak et al. [142] studied cast and hot isostatically pressed Ti-6Al-4V
to clarify the nature of faceted crack growth that occurs at low stress intensity ranges (DK) in
Ti alloys during cyclic loading. The results showed that multiple cycles were needed to form of
a single facet. Consequently, the use of the term cleavage to describe the facets is misleading.
The authors proposed that the term low DK facet growth should be Adapted to describe fatigue
crack growth in Ti alloys [142].
2.10.1 Dwell fatigue
The deformation behaviour of Ti alloys was first reported by Finlay et al. [143]. They showed
that plastic deformation involves diﬀerent mechanisms, the most basic of which were dislocation
slip and deformation twinning. Primary observations of slip in single crystal titanium as were
carried out by Churchman [144]. He reported that the main slip systems are basal, prismatic
and pyramidal. Table 2.6 summarises the slip systems in a hexagonal material. During the de-
formation of CP-Ti and some a titanium alloys twinning is important. Activation of deformation
via twinning, in addition to slip by dislocation motion can enhance the ductility of a titanium
alloys. However, it has been found that twinning is almost completely suppressed in titanium
alloys containing greater than 4 wt.% Al, e.g. alloys such as Ti-6246 [11] or Ti-6Al-4V [116].
Early service failures were first observed in titanium discs (manufactured from IMI 685) in the
early 1970s in the RB 211 engine. These components had previously satisfied all fatigue design
criteria of the time. Subsequent research on dwell eﬀects showed that some mechanisms of crack
nucleation and propagation were not fully understood. Since then, dwell eﬀects in titanium al-
loys have become the subject of many studies. The observation that additional factors aﬀect the
fatigue response was a significant discovery and it was soon confirmed that fatigue in titanium
alloys at ambient temperatures could not be described using a simple on-oﬀ load pattern [5]. The
aircraft start-up/power-down operations, were broken down into a sequence including take-oﬀ,
cruise, landing (Figure 2.21) [117]. Cruise periods keep the load at a constant high level and
clearly influence fatigue performance. This stressing model can be simulated by a fatigue test in
which the applied load is held at a maximum level for a period of time and then removed. The
period during which the load is held constant is usually called the dwell or hold time [145].
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The conclusions on the fatigue mechanisms drawn by researchers are sometimes consistent and
sometimes contradictory. In some cases, identical alloys have been examined, but have been
subjected to diﬀerent heat treatments and as a result have formed diﬀerent microstructures.
Various sample dimensions, test methods and test variables (temperature, load level, environment
and crystallographic texture) can lead to diﬀering results. Early research eﬀorts on dwell eﬀects
in titanium alloys (IMI 685 with diﬀerent microstructures) were initiated in the UK and involved
a collaboration between Rolls-Royce and The Lockheed-California Company [138; 145]. It was
found that the crack propagation rate significantly increased after a hold time of 5 minutes was
imposed at maximum load [146]. Evans and Gostelow [147] concluded that dwell periods of 5
minutes at room temperature reduce the number of cycles to failure by a factor of approximately
16 in IMI 685 with an aligned a-microstructure. More recently, a 2 minute dwell has been
Adapted as a more practical period to estimate dwell fatigue. Studies by Evans [1] reported that
in IMI 685 and IMI 834, dwell sensitivity is considerably aﬀected by a change in mean stress.
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Figure 2.21: Schematic representation of variation of stress in a gas turbine engine during a single flight cycle.
Operational timescale represented as minutes or hours. Adapted from [117].
Stubbington and Pearson [148] have reported on the crack propagation eﬀect for Ti-6Al-4V with
an annealed microstructure that contained a high percentage of hexagonal a phase. The authors
concluded that a 5 minute dwell time at maximum load had an eﬀect on the growth rate of cracks
on or near the basal plane. The eﬀect of increasing the dwell-time for these orientations was
investigated. It was found that increasing the dwell time to 15 minutes and 45 minutes markedly
increased the crack growth rate. Moreover, for each alloy the eﬀect of a 45 minute dwell on
the fatigue crack growth (FCG) rate decreased when the temperature fluctuated between 100
and 125  C. Bania and Eylon [149] studied the fatigue crack growth behaviour of an a+ b alloy
(Ti-6Al-4V) under a 5 minutes dwell load condition. A variety of compositions, microstructures
and textures was investigated and the diﬀerences in the FCG rates were observed for certain
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microstructures. In sharp contrast to the work of Stubbington and Pearson [148], the authors
did not detect any fatigue crack growth rate diﬀerential for a highly textured Ti-6Al-4V in
similar orientation and test conditions. The major diﬀerence between these two studies was the
frequency used; Stubbington and Pearson used 0.3 Hz while Bania and Eylon used 6Hz. Bania
and Eylon [149] observed a correlation between a fatigue growth rate during 5 minutes dwell
time and a crack path morphology for Ti-6Al-4V, and suggested that the decline of the FCG
rate by a factor of 2 or 3 for the dwell cycling can be correlated with a more tortuous crack path.
From the above discussion it can clearly be seen that a number of factors aﬀect the material life.
The constant search for engines with higher eﬃciency and lower weight had lead to investigators
paying more attention to Ti-Al alloys [150]. One of the main issues in gas turbine engines is dwell
fatigue. This phenomenon occurs at room temperature during short (2 min) holds at stress. In
specimens subjected to such holds the fatigue life is ⇠10x lower than in specimens subjected to
the same loading cycle without the hold. Dwell fatigue is observed to occur mainly in a and near-
a titanium alloys with Al concentrations higher than 6 wt.%. The dwell fatigue issue is observed
in alloys that have been aged or have been used in service at ⇠ 550  C. This is associated with
the ordering of Al atoms present in solution [18; 59; 67; 67]. The factors promoting ordering, as
well as its eﬀect on fatigue crack nucleation and propagation mechanisms are still not suﬃciently
understood. Therefore it is very important to provide a better understanding of the phenomenon
of short-range ordering and its eﬀect on the mechanical behaviour of titanium alloys. In this
project various techniques are being used to investigate short range ordering in Ti-Al alloys.
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3
Material and experimental methods
This chapter provides a detailed overview of sample preparation, the experimental procedures
and methods used during the research. The research protocol regarding how measurements were
made and what calculations were performed is also included. Experiments were conducted at
the following institutes:
• Department of Materials, Imperial College London, UK : light microscopy (LM), transmis-
sion electron microscopy (TEM), scanning electron microscopy (SEM), focussed ion beam
(FIB)
• School of Metallurgy and Materials, University of Birmingham, UK : transmission electron
microscopy (TEM)
• Department of Materials, University of Oxford, UK : atom probe tomography (APT)
• Northwestern University Center for Atom Probe Tomography (NUCAPT), USA : atom
probe tomography (APT)
• Spallation Neutron Source (SNS), Oak Ridge National Laboratory (ORNL), TN, USA :
in-situ time-of-flight (TOF) neutron diﬀraction.
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3.1 Material
In this section the characterisation of as-received materials is presented. As discussed in Chapter
2, it was previously reported that ageing of Ti-Al alloys containing between 12 and 20 at.% Al
in the temperature range 400 – 750  C leads to the formation of nanometre-scale a2 (Ti3Al) [43;
44; 46; 47; 59]. In order to develop our understanding of these phenomena, three diﬀerent alloys
were studied: Ti-7Al wt.% (12Al at.%), Ti-6Al-4V (wt.%), and IMI 834. The eﬀects of ageing
on the ordering were investigated using multiple techniques as described in Section 3.2- 3.5.
Ti-7Al
Ti-7Al is an a titanium alloy containing 7 wt.% (12 at.%) of aluminium. This alloy was chosen
as model material for several reasons. Firstly, aluminium is the most important stabiliser and
strengthener of the a phase. Secondly, many commercial near-a and a + b titanium alloys have a
similar composition [87]. Thirdly, Ti-7Al can be processed diﬀerently to produce materials with
diﬀerent properties depending on the existence of Ti3Al domains. Finally, the high strength of
the alloy in relation to the stiﬀness makes it ideal for lattice strain experiments.
50 um  50 um 
Figure 3.1: Recrystallised microstructure in the Ti-7Al bar.
Two ingots of Ti-7Al were prepared by vacuum arc melting and hot rolling to 13 ⇥13mm square
bar at Timet Witton, Birmingham, UK. Commercial purity sponge feedstock was used to obtain
industrially representative Fe and Si contents, and an O content of 1800 ppmw. The as-cast
ingots were homogenised at 1125  C and then forged. Rolling was then performed at 1125  C to
reduce the ingots to the final dimensions over 9 passes by shape rolling with two intermediate
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Figure 3.2: (a) Inverse pole figure map of Ti-7Al and (b) texture pole figure from an area of 2500⇥2000µm, with
4.5µm step size; ⇠ 4000 grains. The transverse directions (TD1 and TD2) of the bar are labelled.
re-heating steps. Ingots were then encapsulated in Ar-filled quartz and recrystallised at 1125  C
for 60 min. The composition obtained was, measured by ICP-OES by Timet Savoie and is
presented in Table 3.1. An equiaxed microstructure with a homogenous grain size distribution of
approximately 30µm was obtained. The recrystallised microstructure is provided in Figure 3.1.
Electron backscatter diﬀraction (EBSD) was performed on a cross-section through the hot rolled
bar. Samples were prepared by grinding and polishing using a pH natural mixture of colloidal
silica and hydrogen peroxide (H2O2). EBSD was conducted on a Zeiss Auriga FEG SEM at
20kV. It is evident that a strong {1120} rolling texture was produced, Figure 3.2. The strong
Table 3.1: Nominal chemical compositions of the alloys examined in wt. and at.%.
Alloy Al V Sn Zr Nb Mo Si O
Ti-7Al wt.% 7.0 - - - - - - 0.2
at.% 11.7 - - - - - - 0.6
Ti-6Al-4V wt.% 6.5 4.4 - - - - - 0.2
at.% 11.0 3.9 - - - - - 0.6
IMI 834 wt.% 5.8 - 4.0 3.5 0.7 0.5 0.3 0.1
at.% 10.3 - 1.6 1.8 0.4 0.2 0.6 0.3
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basal texture in the transverse direction shows evidence of slip in the {0110} in the direction
of the last rolling bite, with the {0002} showing a single pole 90 degrees from that. This is
a consequence of the shape rolling process. However, this strong basal-transverse is another
indication, consistent with work by Fitzner and Preuss et al. [151; 152], that twinning-related
textures are produced at hot forming temperatures in the alpha-beta regime in Al-contain Ti
alloys.
Ti-6Al-4V
As mentioned previously, Ti-7Al was selected as a model alloy because the aluminium concentra-
tion is close to the Al equivalent contained in commercial titanium alloys, such as Ti-6Al-4V and
IMI 834. Ti-6Al-4V, also known as grade 5 or Ti 64, is an a + b alloy which oﬀers a combination
of high strength, light weight, formability and corrosion resistance. Therefore, it is commonly
used in aerospace applications, accounting for more than 50% of the total Ti usage. A plate
of Ti-6Al-4V was manufactured by Timet and supplied by Rolls Royce plc (heat HUB2428) in
a near-equiaxed creep flattened and slow cooled condition. The measured composition is given
in Table 3.1. Ti-6Al-4V microstructure is dependent primarily on the history of processing and
thermal treatment procedures [117]. The SEM micrograph presented in Figure 3.3 shows the
microstructure in these received condition is formed of two phases: equiaxed a grains with small
transformed b grains.
c)
50 um 
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10 um 
Figure 3.3: SEM micrograph of Ti-6Al-4V showing equiaxed a grains and platelets of b between the a.
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IMI 834
In recent years, many studies have been carried out to develop near-a titanium alloys containing
mainly Al, Zr, Sn, Mo, and Nb with small additions of Si. IMI 834 is one example.This near-a
titanium alloy, is an important compressor disc material with improved tensile strength, fatigue
resistance and creep performance at temperatures up to 660  C [153–155]. As a result of the
elements partitioning eﬀect preferential formation of the a2 phase is reported in the primary a
grains [70; 156]. For this project, a block of IMI 834 was received from Rolls-Royce plc. The
composition, measured by ICP-OES, is given in Table 3.1. The microstructure of the material
consisted of nearly equiaxed primary a and platelets of secondary a in the transformed prior b
grains, as shown in Figure 3.4.
3.2 Microscopy
The electron microscope uses a beam of electrons to create an image of the specimen. It is capable
of much higher spatial resolutions and has a greater resolution than a light microscope [135],
allowing it to see smaller structures in finer detail. A list of references describing the key events
in the history of electron microscopy is given in the work by Haguenau et al. [157].
50 µm 
Figure 3.4: Bimodal microstructure of IMI 834 consists of nearly equiaxed primary a (light) and platelets of
secondary a in the transformed prior b grains.
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3.2.1 Light microscopy (LM)
The relationship between composition, solidification processes, heat treatment, microstructure
and properties in the production of titanium alloys are very complex [158]. The process variables
in the production of titanium alloys determine their properties and response to service environ-
ments [11]. Therefore, it is important to carefully study the microstructure of these materials.
In this work, metallographic specimens were prepared by grinding, polishing, and etching for
subsequent study using light microscopy (LM) and electron microscopy (EM).
Samples for metallographic examination were prepared by grinding and chemical polishing. The
samples were ground using water lubricated silicon carbide paper from 500 coarse grit to 4000
grit, using a force of 15N and disc rotation speed of 250 rpm, to develop a flat surface with
a minimum depth of deformed alloy. After flat grinding, the samples were fine polished using
a solution of colloidal silica (Struers OP-S) suspension and hydrogen peroxide (H2O2) with a
ratio of 10:3, using force of a 10N and disc rotation speed of 200 rpm. To clean the specimens,
the rotating cloth was flushed with water for approximately 10 min and then with methanol for
approximately 10 min. Specimens were then cleaned again individually under tap water and
methanol and a then dried with strong stream of air. In order to observe the microstructure, the
surfaces of the polished samples were etched using Kroll’s etchant solution (96 ml of H2O2,1 ml
of HF,3 ml of HNO3).
3.2.2 Electron microscopy (EM)
Light microscopy has limited resolution and does not give direct chemical or crystallographic
information about features. Scanning electron microscopy (SEM) provides better resolution,
qualitative and quantitative elemental microanalysis and greater depth of field. SEM is a type
of electron microscope that produces images of a sample by scanning it with a focused beam
of high-energy electrons. When the focused beam interacts with the sample, it generates a
variety of signals at the surface of the specimen such as secondary electrons (SE), backscattered
electrons (BSE), diﬀracted backscattered electrons, and characteristic X-rays that are used for
elemental analysis. A generalised illustration of the interaction volumes for various electron-
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specimen interactions is shown in Figure 3.5. The penetration depth of the incident beam and
the excited volume in the investigated sample depends on the energy of the incident electrons
and atomic number (Z) of the elements in the analysed material [159]. The interaction of an
electron beam with a low and high atomic number is shown schematically in Figure 3.6. Electron
backscatter diﬀraction (EBSD) is an additional characterisation technique used in the SEM
to obtain the crystallographic orientation of individual grains. In this technique, a detector
collects backscattered electrons which are diﬀracted by the crystal generating a Kikuchi pattern
which is analysed using software. A high-energy electron beam scans the specimen surface and
simultaneously backscattered electrons generate a pattern. This pattern is characteristic of the
orientation and crystal structure, and can be used to study individual grain orientations.
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Figure 3.5: (a) Schematic diagram showing the production of SE, BSE, characteristic X-rays, and Auger electrons.
(b) Schematic of electron beam-sample interaction in SEM analysis arising from the impact of an electron beam
on a specimen. Adapted from [159].
Energy dispersive X-ray spectrometry (EDS) can be integrated in the SEM allowing simultaneous
detection of the elements in the sample during imaging. This technique allows the detection of
the X-rays emitted from a sample when bombarded by a high-energy beam. The energy levels of
the emitted X-rays characteristic of the chemical species present within the tested material. This
allows the identification of the elements present in the sample. Typically, an EDS detector is
made using lithium drifted silicon or Si(Li) and therefore, all the elements with atomic numbers
higher than Li are detectable.
In this project, preparation of specimens for SEM was the same as that for light microscopy.
Since the electron probe analyses only a shallow depth from the surface, specimens were polished
so that surface roughness did not aﬀect the results. Chemical composition measurements were
obtained by EDS. EBSD was performed on the cross-section of the hot rolled bar. EBSD was
conducted on a Zeiss Auriga SEM at 20kV. SEM images were taken using a JEOL JSM-6010PLUS
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InTouchScopeTM equipped with integrated energy dispersive spectroscopy (EDS) with the latest
silicon drift detector (SDD) technology.
 Secondary electrons (~100nm)
Backscattered electrons (~1 µm)
 Characteristic X-rays (~10 µm)
 Auger electrons (~1 µm)
  Continuum X-rays 
Fluorescence X-rays 
 Sample surface
Low Z High Z
Low E
High E
b)a)
Figure 3.6: (a) Schematic shapes of electron interaction volumes. (b) The depth of electron interaction is depen-
dent on the average sample atomic number (Z) and electron beam accelerating voltage (Eo). Adapted from [159]
3.2.3 Transmission electron microscopy (TEM)
Transmission electron microscopy (TEM) is a technique used to obtain information about the
morphology, crystallography and composition from a very thin slice of material (less than 100 nm)
and can generate high-resolution images with a spatial resolution at the atomic scale of 0.1 nm.
One of the limitations of TEM is the imaging of three-dimensional objects as two-dimensional
projections. The TEM operates on the same basic principles as the light microscope and SEM,
but uses transmitted electrons. In the SEM, the image is produced by detecting secondary
electrons. In the TEM a beam of electrons is transmitted through an ultra-thin foil [160]. The
electron beam is incident on a sample, interacts with it, passes through and forms the image in real
space and the corresponding diﬀraction pattern in reciprocal space. The reciprocal lattice is one
composed of a system of points, each of which represents a reflecting plane within the crystal and
has the same indices as the corresponding reflecting plane. The reciprocal lattice is constructed
from the real lattice by drawing the line through the origin normal to the corresponding reflecting
plane of crystal of length equal to the reciprocal of the crystal plane spacing. Thus the distance
of the (hkil) plane from the origin in real space is given by Equation (3.1) in reciprocal space [161]
.
dhkilreal =
1
dhkilreciprocal
(3.1)
A TEM consists of an electron source that produces the electron beam, a series of electromagnetic
lenses which accelerate and focus the beam, and the imaging system. The electrons that pass
through the sample are collected by a detector which can be a fluorescent screen, photographic
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plate, or a CCD (charge-coupled device) camera. The image can be recorded by exposing a
photographic film or can be displayed in real time on a computer screen. There are two modes
of TEM operation, bright-field mode (BF) and dark-field imaging mode (DF). BF is when the
transmitted beam (the large spot in the middle of the pattern) contributes to the image, and DF
is when the transmitted beam is excluded. The dark-field image is received by translating the
objective aperture in an electron microscope or by tilting the incident-beam direction and the
image is created in the back focal plane. The schematic illustration of this is shown in Figure 3.7.
Variations in contrast in the bright field image are due to diﬀering densities within the specimen.
More electrons are transmitted through the less dense part of the specimen, and the image is
brighter. A darker image is produced in areas where the sample is denser and therefore less
electrons pass through. Another imaging mode of TEM is high-resolution transmission electron
microscopy (HRTEM) that allows direct imaging on an atomic resolution scale [162]. To obtain
lattice images, a large objective aperture has to be selected to allow scattered and transmitted
beams to pass. The image is formed by the interference from a few diﬀracted beams, so that
the phase of the diﬀracted beams contributes to the contrast, not just their amplitude (phase
contrast).
Using the imaging-system lenses it is possible to project the diﬀraction pattern from a sample
onto the viewing screen. Diﬀraction patterns can be used to identify crystal structures and
examine defect morphology. Selected area diﬀraction (SAD) patterns can be obtained from a
specific area of the specimen by inserting a diﬀraction aperture into the image plane of the
objective lens and centering on the optic axis in the middle of the viewing screen. As a result,
sharply focused spot patterns may be observed. Each spot is associated with a diﬀraction vector
ghkil. A simple calculation to relate real space to the electron diﬀraction pattern needs to be
used in order to be able to index the electron diﬀraction patterns, Figure 3.8. For each reciprocal
lattice point hkil there is a corresponding opposite point. The distance between a diﬀraction
spot and the transmitted beam spot (middle spot) rhkil is defined by the Equation (3.2) [161].
rhkil =
lL
dhkil
(3.2)
where l is the wavelength of the electron beam and L is the camera length. Therefore, the
diﬀraction pattern is a projection of the reciprocal lattice with projection factor lL. Reciprocal
lattice vectors have length 1dhkil and the angle between the lines joining spots h1k1i1l1 and
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Figure 3.7: Simplified representation of ray diagrams showing how the objective lens and objective aperture are
used in combination to produce a bright field and dark field images, adapted from [135]. The area of the diﬀraction
pattern selected by the objective aperture is shown schematically below each ray diagram. (a) BF image formed
when aperture is placed in the back focal plane of the objective lens which allows only the direct beam to pass.
The image is the result of diﬀerence of transmissions of the direct beam by its interaction with the sample. (b)
In DF images the direct beam is blocked by the aperture while one or more diﬀracted beams are allowed to pass
the objective aperture.
h2k2i2l2 with the transmitted spot (called 0000) is the same as the angle between the reciprocal
lattice vectors gh1k1i1l1 and gh2k2i2l2 . This is also equal to the angle between the (h1k1i1l1) and
(h2k2i2l2) planes and also the angle between the normals to the these planes. In the thicker parts
of the TEM foil, in addition to diﬀraction spots, line patterns may also be observed [163; 164].
These lines are produced in pairs, one line is dark one is bright, and are named after their
discoverer as Kikuchi lines [165], Appendix 8.1. The geometrical illustration and the detailed
explanation of the formation of Kikuchi lines is presented in each TEM textbook, e.g. Chapter
4 in reference [163]. The spacing between each bright and dark line is equal to the spacing of the
corresponding diﬀraction spot and is therefore inversely proportional to the real crystal plane
spacing. Furthermore, the line joining the spot from the direct beam with any diﬀraction spot
is normal to the corresponding pair of Kikuchi lines [163]. Kikuchi lines in conjunction with the
SAD patterns are an excellent tool for precise alignments of the specimen. A selection of indexed
Kikuchi maps and examples of diﬀraction patterns can be found in the textbook by Loretto and
Smallman (Appendix 2) [163].
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Figure 3.8: Transmission electron diﬀraction pattern taken from a Ti-7Al sample parallel to the [0110] zone axis.
Specimen preparation is an important aspect of TEM analysis as the samples must be thin
(⇠100-150 nm) enough to transmit electrons that form the image [135]. The required techniques
depend on the type of the material, its size, structure and properties. More information can
be found in references [135; 166]. In this work foils were prepared by mechanical grinding
using SiC paper to a thickness of approximately 200µm. Before final thinning, 3mm discs were
electro-discharge machined. After cutting, each disc was further thinned by hand grinding to
a thickness of approximately 120µm. The discs were thinned to perforation with a Tenupol-5
twin-jet electropolisher using 3% perchloric acid (HClO4), 40% butan-1-ol (C4H10O) and 57%
methanol (CH3OH). Electropolishing was undertaken at -40  C with an applied voltage of⇠ 25V.
3.2.4 Diﬀraction contrast from dislocation
The appearance of features in bright and dark field images depends sensitively on how the Laue
condition is satisfied. If the objective aperture is centered on the transmitted beam, then a
bright-field image is achieved. Any region of the specimen which is in the Bragg position for
strong diﬀraction to occur will appear dark. Correspondingly, if the objective aperture is centered
on any one of diﬀracted beams, either by displacing the aperture oﬀ the optic axis or by tilting
the beam so that the diﬀracted beam travels along the optic axis (giving fewer aberrations in the
image) and it is used to form the image, then is called a dark-field image. To get a good quality
dark filed image, it is common to tilt the sample so that only one diﬀraction beam is strongly
excited and the transmitted beam is the other strong beam in the diﬀraction pattern. This is
called the two-beam condition. Since the electrons in the strongly excited hkl beam have been
diﬀracted by a specific set of hkil plane, so the area appears bright in a dark-field image is the
area where the hkil planes are in Bragg conditions. So the dark-field image contains orientation
information of the samples.
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Figure 3.9: In the area near the dislocation core (red circle) the Bragg condition is exactly satisfied. This is
caused by the bending of the hkl plane near the dislocation core. Adapted from [10].
Figure 3.9 illustrates schematically some imaging conditions for dislocations with maximum
and minimum g · b product. It is well known that the contrast of a dislocation depends on
the diﬀraction conditions. It is adjusted by tilting the specimen relative to the electron beam
while watching the diﬀraction pattern to the two-beam condition. Additionally the magnitude
of the scalar product between the reciprocal lattice vector g and the Burgers vector aﬀects the
contrast of a dislocation. If g · b or is very small, the contrast is weak, i.e. the dislocation is
invisible [133; 135; 136]. Values of g · b for the possible Burgers vectors are given in Appendix 8.2.
Overall procedure for determining the Burgers vector of dislocation can be found in [136].
3.3 Focused ion beam (FIB)
The principles of operation of the focused ion beam (FIB) can be found in references [167; 168]. A
historical overview of the development of this technique is given in reference [169]. Although the
FIB has been described in detail by many authors it will be summarised briefly in this section for
completeness. The FIB technique was developed more than 40 years ago [168; 170; 171] and is now
commonly used to prepare electron transparent foils for TEM, electron energy-loss spectroscopy
(EELS) [168; 172–176], high-resolution electron microscopy (HREM) [177] and samples for atom
probe tomography (APT) [178]. FIB instruments may be stand-alone (single beam instruments)
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or can be integrated into other analytical instruments such as an SEM, TEM or secondary ion
mass spectrometry (SIMS) [169]. As a result, this technique can be used for imaging [179] and
preparation site specific samples [180; 181]. More information about application of instrument
can be found in references [182; 183]. FIB systems operate in a similar way to a SEM except,
instead of a beam of electrons, a FIB uses a finely focused beam of ions. Thus it can be operated
at low beam currents for imaging or high beam currents for milling [171; 182]. The main parts
of the system are the ion column, the specimen chamber and stage, the vacuum system, the gas
system and the workstation. The principles of FIB imaging, milling and deposition are illustrated
in Figure 3.10. Small probe sputtering is made possible by the liquid metal ion source (LMIS).
Nowadays, gallium (Ga+) is the most commonly used LMIS.
In this work a FEI system Helios NanoLab 600 DualBeam system equipped with an OmniprobeTM
was used. Dual-beam means that the FIB featured both a focused Ga+ ion beam and a field
emission scanning electron column. At the home position of the stage, the electron column axis is
normal to the sample surface. The ion column axis is at an angle of 52   to the electron column.
Additionally the NanoLab 600 DualBeam system is equipped with an in-situ micro-manipulator
and gas injectors for the in-situ deposition of Pt. The instrument is complete toolset that allows
sample preparation, imaging, and analysis to be accomplished in a single session. This combi-
nation is especially important for the preparation of APT samples, where sample alignment is
done under SEM control without the need for ion beam imaging.
3.4 Atom probe tomography (APT)
In the previous section it was mentioned that TEM is a very powerful instrument for various
material analyse, nevertheless it can generate only 2D micrographs. Atom probe tomography
(APT) developed over the last 60 years, and so far this is the only technique oﬀering both 3D
imaging and chemical composition measurements at the atomic scale [181; 184].
Atom probe tomography is a characterisation technique that allows the reconstruction of the
positions of atoms in a needle-shaped sample in 3D along with their chemical identities with a
resolution of around 0.1– 0.3 nm in depth [181; 186–190]. The genesis of atom-probe tomography
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Figure 3.10: Principles of FIB (a) imaging, (b) milling and (c) Pt deposition used the FEI Helios NanoLab 600
DualBeam system consisting of a high-resolution SEM column with a fine-probe ion source. The multichannel
plate (MCP) is used to collect secondary particles for imaging. Adapted from [170].
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Figure 3.11: (a) SEM micrograph of an APT needle-shaped sample prepared from a Co-Ni base superalloy. (b)
3D map of the distribution of Co, Ni and Cr in a polycrystalline Co-Ni base superalloy. The 13 at.% Cr isosurface
is highlighted to illustrate the g’ precipitates. The image is part of the author’s research which was published in
JOM [185].
and evolution of the machines can be found in references [181; 184; 191–193]. Figure 3.13 shows
a schematic diagram of a local-electrode atom probe (LEAP).
In principle, the atom probe microscope is based on the controlled field evaporation of atoms
from a cooled tip, layer by layer. Sharp samples, Figure 3.11(a), with a radius of less then 100 nm
are essential for atom probe microscopy [181; 195]. Evaporation is achieved by applying voltage
or laser pulses to the sharp tip. The field-evaporated atoms pass through the aperture in the
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Figure 3.12: Experimental setup of a local-electrode atom probe (LEAP). Adapted from [194].
local electrode and enter the field free region. Then the individual ions hit the microchannel plate
(MCP) and the signal is amplified. The x and y positions of ions and their time of detection are
recorded along with their chemical identities determined by the mass spectrometer [193; 196; 197].
When an ion is detected, its time-of-flight is converted into a mass-to-charge-state ratio (M) using
Equation (3.3) [181].
M =
m
n
= 2eV
✓
tflight – t0
Lflight
◆2
(3.3)
where e is the elementary charge of the electron, V is the total voltage, t flight is the measured
time-of-flight, t0 is the time shift, Lflight is the flight distance. A data set produced in this way
can be reconstructed into a volume, such as that shown in Figure 3.11(b). An example of a
mass spectrum is shown in Figure 3.14. In this work, all APT experiments were performed using
a LEAP 3000X HR at the Department of Materials, University of Oxford and a LEAP 4000X
Si at the Centre for Atom Probe Tomography, Northwestern University (NUCAPT). The main
diﬀerence between these two instruments is the implementation of the reflectron. Reflectron is
ion optical devices that reverse the direction of travel of an ion in a mass spectrometer. In the
LEAP 3000X HR the ions with a higher energy travel farther into the reflectron before being
reflected. The use of a reflectron reduces the size of the tail of the mass spectrum peaks, therefore
improving the mass resolution and the signal-to-background ratio of the instrument. Figure 3.14
shows that the peaks are much narrower for a mass spectrum obtained with a reflectron fitted
(LEAP 3000X HR). The detection eﬃciency of the HR model is reported to be around 37%
whereas the Si model is around 58% [195]. When examining ordered regions of small size and
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low number density this diﬀerence in detector eﬃciency can be significant.
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Figure 3.13: Schematic diagram of a local-electrode atom probe (LEAP) microscope which provides three-
dimensional elemental mapping and chemical composition measurements at the atomic scale [194]. Adapted
from [190].
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Figure 3.14: A mass spectrum obtained in voltage pulse mode for 304 steel (a) using a straight-flight-path LEAP
4000X Si atom probe and (b) LEAP 3000 HR with fitted reflectron. The main peaks are identified. Adapted
from [181].
3.4.1 Tip preparation
Samples for APT require a sharp needle-shaped tip to allow surface evaporation under the applied
voltages. Appropriate radius and shank angle of the tip are key requirements for the specimen.
A small end radius of the tips could results in a low starting voltage and will aﬀect the field of
view. On the other hand, a large radius will require a high starting voltage. The ideal tip radius
is between 50-100 nm [190] and the cross section should be circular. Tips with a non-circular
cross section may have a shorter life time [181]. To avoid the risk of fracture the tip surface
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should be smooth and free from cracks and protrusions [198]. In addition, to ensure that the
features of interest are included within the acquired dataset they should be located less than
100 nm from the specimen tip [195]. The cross-section of the final tip for APT examination is
shown in Figure 3.11(a).
Two commonly used methods for sample preparation are electropolishing and focused ion beam
(FIB) milling. Electrochemical polishing methods are relatively simple and less time consuming
in comparison to other techniques [188; 190; 199–202]. Detailed information on the method
and chemical polishing solutions may be found in references [190; 203–206]. However, preparing
samples from materials that do not electropolish well or from site specific regions is complicated
(e.g. a grain boundary [207–210; 210] or corrosion crack tips [211]). The development of FIB
systems has provided an alternative method of sample preparation which enables the fabrication
of tips from a wider range of materials [212]. In recent years, the use of FIB milling has been
widely applied to non-conductive materials, and materials that cannot be electropolished [213]
from certain sample geometries [209; 210].
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Figure 3.15: Ga implantation into Si using 30kV and 5kV acceleration voltage. Adapted from [198].
In this work, a Helios NanoLab 600 system from FEI Company, equipped with an OmniprobeTM
and platinum GIS deposition system, was used to prepare needle-shaped samples [19; 180; 214;
215]. This technique was chosen to minimise alteration of the microstructure and the solute
distribution during fabrication [19]. Furthermore, Ti is diﬃcult to electropolish. Initially, the
surface of each sample was ground and mechanically polished using a solution of colloidal silica
(OP-S) suspension and hydrogen peroxide (H2O2) with a ratio of 10:3. The region of interest
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Table 3.2: As a general trend, annular milling patterns followed a motion from outside to inside with respect to
the tip.
Milling pass Voltage Beam current
1st Cylindrical push down 30 kV 0.46 nA
2nd Initial tip shaping 30 kV 0.46 – 0.28 nA
3rd Final tip shaping 30 kV 93-46pA
4th Final tip radius 30 kV 28 pA
5th Low kV clean-up 5 kV 10 pA
6th Low kV clean-up 2 kV Over the area to be cleaned
(ROI) was defined and protected with a capping layer of platinum (Pt) [216]. A thin Pt layer
(approximately 30 ⇥ 3µm and 20 nm thick) was electron-beam deposited onto the specimen
using an energy of 5 kV (beam current 1.7 nA) to prevent sample modification during further
steps. A layer of FIB-deposited Pt (additional 150 nm) was placed over the protected surface to
prevent milling subsequent or multiple image scans, from damaging the atom probe specimen.
During these steps the Ga beam was operated at an accelerating voltage of 8 kV and a beam
current of 0.65 nA was selected. After the surface was protected, FIB was used at an accelerating
voltage of 30 kV until the last two stages of specimen preparation which were carried out at 5
and 2 kV. The depth of Ga penetration as a function of the accelerating energy of the low keV
clean-up process was investigated by Thomson et al. [216]. It was reported that the low keV
clean-up process dramatically reduces both the quantity and the depth of penetration of the
Ga in the material. Ga implantation into Si using diﬀerent acceleration voltages is shown in
Figure 3.15 [198]. Therefore, the final clean-up step was carried out at an accelerating voltage of
2 kV to remove the Pt capping material, to clean up the tip from the Ga damage and to refine the
tip shape. Once the region of interest was protected, three trenches were milled around the Pt
layer, in the following order; (i) a first trench was made by tilting the stage to 22   (with respect
to the electron beam) and milling with an ion current of 6.5 nA using a rectangular pattern, (ii)
a second trench was created using the same settings after rotating the stage through 180  , (iii) a
third trench was produced by milling perpendicular to the two previous trenches. In this way a
triangle-shaped wedge was created. After the angular cuts were completed the sample stage was
tilted to 0   and the Omniprobe was lowered into contact with the free end of the cantilevered
wedge. FIB-deposited Pt was used to attach the needle to the free end of the wedge. The probe
was lifted vertically out of the sample until the wedge was above the bulk surface.
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Figure 3.16: Initial steps of the in-situ lift out process: (a) deposition of a layer of Pt, (b) the first trench made by
milling with an ion current of 6.5 nA, (c) wedge cut-free and lifted out from the sample, (d) the wedge is positioned
above a flat-top post and welded, (e-f) a slice of the wedge is cut free and left at the top of the post. The scan
rotation in the ion image was set to 180   and the square pattern was placed below the Pt strap. To hold the
micro-tip coupon a PN 23739 clip from Cameca Instruments Inc was used.The Pt removal process was achieved
by ion-milling in the FIB, using the contrast between the Pt and Ti-7Al in the SEM to define the endpoint.
75
10 µm 
1 µm 
5 µm 1 µm 1 µm 
20 µm 
90 0 
a) b)
c) d)
Figure 3.17: The final steps of the APT sample preparation with FIB technique. Top (a-b) and (b) side view of
the sample before milling. (d) Successive annular milling steps.
The Omniprobe control software was then used to transfer the specimen to a coupon with 36
flat-topped silicon microtip posts. The wedge was slowly brought into contact with a microtip
post. A 0.3µm thick FIB deposited Pt patch was applied at the site of the sample to attached
the wedge to the carrier tip surface and was then milled free from the post. The procedure was
repeated until the wedge was used up (between 3 and 6 specimens were prepared). Initial steps
of the in-situ lift out process are shown in Figure 3.16. After these steps the stage was rotated
to 0   tilt and a second platinum patch was applied to the opposite side to secure the specimen
to the post. The appropriate tip shape was obtained by using a sequence of annular milling
patterns to sharpen the specimens to an end radius of less than 100 nm, Table 3.2. Figure 3.17
shows the final steps of sample preparation. The first milling step was applied to remove the bulk
of the material and to push it down until the parasitic spikes were at least 10 nm away from the
region of interest at the tip. The second milling pass marked the beginning of the tip shaping.
76
During the next two milling passes the final tip shape and radius were produced, Figure 3.17(d).
To minimise Ga ion damage a low energy FIB process was used in the final two stages of the
specimen preparation.
3.4.2 Experimental parameters and data quality
Using a 3D atom probe tomography technique, the chemical identity and the surface position of
the atoms can be determined. The new generation LEAPs with a laser pulsing option in addition
to voltage pulsing, has enabled a wide range of materials to be tested (e.g. semi-conductive
materials) [195]. Because a strong electric field is required to initiate field evaporation, the
resulting forces initiate stresses acting on the specimen and consequently can lead to mechanical
failure of the tip [217]. In order to carry out successful experiments, it is essential to minimise
the chance of specimen failure, while achieving the best quality data. Many factors aﬀect the
data quality such as pulse rate, temperature, detection rate, pulse fraction (voltage mode) or
laser pulse energy (laser mode) [55]. Moreover, the geometry and material of the tip plays a big
role in determining its behaviour [195]. Experimental conditions should be adjusted to balance
quality of data, analysis time and yield. Each material tested is unique and performs diﬀerently
under the analysis conditions. Therefore, a number of calibration runs should be completed
before selecting specific parameters.
A number of studies have been performed to calculate the stress on the tip during APT ex-
periments [217; 218]. It is known that in order to improve yield, the evaporation field may be
decreased. Reduction of applied stress can be achieved by using laser pulse mode rather than
voltage pulse mode, increasing the laser pulse energy, decreasing the ion detection rate or in-
creasing the specimen base temperature [195]. In order to establish the best setting, a number of
calibration runs were conducted. Samples of Ti-7Al were initially examined using the laser pulse
mode. APT samples were prepared using the FIB lift-out technique [198]. Experiments were
carried out using two local electrode atom probes (LEAP): 4000X Si (with a 355 nm laser) and
3000X HR (with a 512 nm laser) at 55 K and a laser pulse energy of 0.1 nJ. Distributions of Al
atoms in Ti-7Al (550/28) are shown in Figure 3.18. The arrangement of atoms was found to be
inhomogeneous. The visible changes in density seen in Figure 3.18 are thought to be an artefact
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due to localised heating by the laser. This has previously been observed by Lenssen [55]. How-
ever, it is reported that Ti alloys (e.g Ti-6Al-4V [90]) may be tested using laser mode. Therefore,
it is suggested that the additions of other elements, e.g. V, change the behaviour of the Al in
the samples when using laser pulse mode. Based on these critical results, it was decided that
experiments would not be carried out using the laser pulse mode.
20 nm 
a) b)
20 nm
Figure 3.18: Atomic distribution of Al in Ti-7Al (550/28). Experiments were performed in laser-mode with a (a)
LEAP 3000X HR and (b) LEAP 4000X Si (at 55 K, a laser pulse energy of 0.1 nJ)
In order to improve data quality in voltage-mode, a number of calibration runs were carried
out. Using a homogenous sample of a titanium alloy with known composition Ti-16Al wt.%
(25 Al at.%) the pulse fraction was varied until the results obtained were representative of the
chemistry. Additionally, the eﬀect of diﬀerent sample temperatures on the mass spectrum was
evaluated. The experimental parameters are listed in Table 3.3. These lifted out samples were
analysed using a LEAP 3000X HR. At least 2 million ions were collected for each measurement.
The combination of a temperature of 55 K and a pulse fraction of 15% gives a composition that
is closest to the actual.
APT experiments are carried out at cryogenic specimen temperature to lower the potential for
surface diﬀusion and to minimise atomic vibrations that degrade spatial resolution, preventing
surface diﬀusion secondary eﬀects. However, other factors can influence the data quality and
therefore a lower measurement temperature does not always mean high data quality. It is reported
that some materials have significant yield diﬀerences within a temperature range of 20-80 K [55].
On the other hand low temperature can minimise the mobility of residual gases in the analysis
chamber and therefore the signal to noise ratio can be improved by reduced background. In this
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Table 3.3: Calibration parameters and concentrations of diﬀerent ions in wt.% (at.%).
Temperature Pulse faction Al O N C
40 10 - - - -
40 20 - - - -
50 10 15.97 (24.92) 0.30 (0.79) 0.24 (0.72) 0.05 (0.18)
50 15 15.32 (23.90) 0.40 (1.05) 0.38 (1.14) 0.05 (0.18)
50 20 14.48 (22.72) 0.14 (0.37) 0.61 (1.84) 0.04 (0.14)
55 10 14.31 (22.50) 0.17 (0.45) 0.55 (1.67) 0.03 (0.11)
55 15 16.00 (25.07) 0.14 (0.37) 0.16 (0.48) 0.06 (0.21)
55 20 16.26 (25.35) 0.36 (0.95) 0.16 (0.48) 0.03 (0.11)
60 10 15.88 (24.76) 0.50 (1.31) 0.15 (0.45) 0.05 (0.18)
60 15 14.66 (23.04) 0.13 (0.34) 0.47 (1.42) 0.04 (0.14)
60 20 15.99 (24.97) 0.43 (1.13) 0.10 (0.30) 0.03 (0.14)
work four diﬀerent temperatures were investigated: 40, 50, 55 and 60 K with a pulse faction 10,
15 and 20 %. In all cases, except for 40 K/10% and 40 K/20%, the atom probe analyses resulted
in mass spectra of high quality. Good analyses were not achieved at 40 K due to early fracture of
brittle tips. The low specimen temperature increases the already high risk of premature specimen
fracture. It is known that the signal to noise ratio can aﬀect the quality of an experiment [181].
Even if the mass resolution is very good, the high background can make detection of peaks
challenging, or sometimes impossible. Figure 3.19 shows the ratio of 24Ti2+ peak to background.
It is clear that there is increased signal to noise ratio with higher pulse fraction for the same
temperature. In addition, the background at 60 K is much higher than at lower temperatures (50
and 55 K). There is an increased signal to noise ratio with higher temperature for the same pulse
fraction. To estimate peak area the trapezoidal rule was applied. In this method the area under
a curve is given by integration and therefore this rule gives a method of estimating integrals.
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Figure 3.19: Ti-25Al (at.%), the ratio of 24Ti2+ peak to background.
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Figure 3.20: Trapezoidal rule.
This is shown schematically in Figure 3.20 and expressed by Equation 3.4. This rule works by
splitting the area under a spectrum into a number of trapeziums, which we know the area of. To
find the area under a curve between the points x0 and xn, this interval is divided up into smaller
intervals of length h.
xnZ
x0
f(x)dx =
1
2
h[(y0 + yn) + 2(y1 + y2 + ... + yn–1)] (3.4)
The ratio between 13.5Al2+ and 27Al+ peaks is shown in Figure 3.21(a). As expected, when the
standing field on the tip increases, a higher charge state peaks are observed. In other words,
dropping the temperature reduces the thermal energy of the system, requiring a higher standing
field and thus a higher proportion of 13.5Al2+. The same trend is observed when decreasing the
pulse fraction. In voltage mode, the lower the pulse fraction, the higher the standing voltage, so
more field is being applied continuously to the tip. It was also noticed that the ratio between
13.5Al2+ and 14(AlH)2+ increased with increasing temperature, Figure 3.21(b). No trend was
observed between peak width and temperature. At each condition all peaks were sharp and
located at the expected position, except the Al peak at mass-to-charge ratio 27Al+ which was
broad with a large tail. The same trend was observed for 23.5Ti2+, 24Ti2+, 24.5Ti2+ and 11.8Ti3+,
12Ti2+, 12.3Ti2+ peaks. An example of a mass spectrum is presented in Figure 3.22.
Multi-hit performance is another parameter which can aﬀect data quality. A multiple field
evaporation event occurs when more than one ion hit is detected during a single pulse [195].
Some ion types tend to evaporate from the same region of the tip surface at the same time [203;
219; 220]. This phenomenon may strongly aﬀect quantification accuracy. If the time-of-flight
of co-evaporated species are the same, there is the possibility that one of the ions will not be
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Figure 3.21: The ratio between (a) 13.5Al2+ and 27Al+ peaks and (b) between 13.5Al2+ and 14(AlH)2+ peaks.
detected and therefore the determined composition may be inaccurate. Additionally, complex
ion species can influence the quantification accuracy [221]. Potential overlaps of detected peaks
can cause incorrect ion identification or inaccurate separation of a peak into multiple ion types.
In the spectra of tested alloys there were no overlapping peaks and it was found that the fraction
of multiple events slightly increased ( ⇠ 6%)withtemperatureincreases.
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Figure 3.22: Ti-25Al (at.%), the mass spectrum in the 13-28 Da region. Experiment was carried out in voltage-
pulsing mode, the temperature and the voltage pulse fraction were set to 55K and 15%, respectively.
Based on the above discussion and calibration results, voltage mode was chosen to avoid unwanted
artefacts. Evaluation of the Ti-15.82Al wt.% (25 Al at.%) mass spectrum showed that diﬀerent
elements had diﬀerent tendencies to field-evaporate as single or multiple events. Variations in
sample temperature and voltage pulse fraction aﬀected the occurrence of multiple events, as well
as composition. For each analysis it was suﬃcient to resolve the peaks of the diﬀerent elements
in the alloy therefore composition was the metric used to evaluate quality of data. The quality
of maps was also compared. The temperature and the voltage pulse fraction were selected to be
55K and 15% respectively.
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3.5 Time-of-flight (TOF) neutron diﬀraction
One of the experimental techniques used for non-destructive scanning of internal strain in a
material is diﬀraction of either neutrons or X-ray radiation. Neutron diﬀraction (ND) and
classical X-ray diﬀraction (XRD) are complementary techniques based on the same principle.
Due to their very nature they are used for a diﬀerent scale of measurements. XRD is suitable for
surface measurements and synchrotron diﬀraction for shallow depths or thin specimens. Neutrons
interact with the nucleus. Therefore the penetration depth of neutrons is very large. As a result,
neutrons are suitable for the measurement of bulk average material properties [222]. A brief
history of the neutron time-of-flight technique can be found in [223]. For simplicity, in this
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Figure 3.23: 1. A front-end system provides a stream of negatively charged hydrogen ions (H–) 2.The linear
accelerator (linac) is about 330 meters long. Along the way, thin foils strip the electrons from the ions, leaving
only protons. 3. The accumulator ring structure bunches and intensifies the ion beam for delivery onto the
mercury target. 4. The target area is surrounded by 17 experimental instruments. 5. In the target hall a
container filled with liquid mercury is bombarded sixty times per second by the protons. 6. Central laboratory
and oﬃce complex. 7. Future target building. 8. Support buildings. Adapted from [224]
work, only the configuration of the Spallation Neutron Source (SNS) is described. Figure 3.23
shows a schematic of components within the SNS neutron facility, Oak Ridge National Laboratory
(ORNL), TN, USA campus. Currently SNS oﬀerers 17 instruments which are used across a broad
range of disciplines, such as materials science, chemistry, medicine, physics, and biology [225].
Negatively charged hydrogen ions (H–) which consist of a proton and two electrons are produced
by an ion source. H– ions travel through a linear accelerator, which accelerates them to very
high energies (from 2.5 to 1000 MeV, or 1 GeV). The ion pulses from the linear accelerator (also
called linac) are wrapped into the synchrotron storage ring through a stripper aluminium foil,
which strips the electrons and leaves behind a beam of protons (H+). The protons pass into a
ring and are accumulated in bunches which are then released as a short, intense proton pulse.
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The high-energy pulses strike a target, which is a container of heavy-metal. The target at SNS is
liquid mercury. The ring intensifies the high-speed H+ protons and they hit the target at a rate
of 60 times per second (60 Hz). Neutrons are produced by the collisions between the protons and
target in a process called ‘spallation process’. To be suitable for research these neutrons must
be moderated to room temperature or colder. To accomplish this goal, the pulses of neutrons
are decelerated by passing through cells (located above and below the target) filled with water
or through containers of liquid hydrogen. Then the pulsed neutrons are guided through a beam
tube to the instrument stations. Each beam line is unique and is designed for a specific type of
research. The time taken for diﬀracted neutrons to reach the detectors is measured. Based on
this data neutron wavelengths can be calculated and diﬀraction spectra are recorded.
In this work, beam line 7 with the VULCAN diﬀractometer was used. VULCAN designed to
study deformations, phase transformations, residual stresses, texture, and microstructure stud-
ies [226]. This diﬀractometer allows rapid volumetric mapping with a sampling volume of 10mm3.
The load frame on the VULCAN diﬀractometer is shown in Figure 3.24. More information on
the instrument can be found in references [227; 228]. The details of the experimental setup are
described in Chapter 4.1.
3.5.1 Theory of neutron scattering
One method of studying crystal structure with neutrons is to probe the sample with a pulsed
beam, and register the detector flight time of scattered neutrons. A detector is placed at a fixed
sample
extensometer
detector
grips
Figure 3.24: MTS servo-hydraulic testing machine at Oak Ridge National Laboratory (ORNL), TN, USA.
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angle 2J and detects all neutrons which are diﬀracted according to Bragg’s law nl=2dhklsinJ
(n is an integer, d is the spacing between the planes in the crystal lattice, l is the neutron
wavelength, and J is the angle between the incident ray and the scattering planes). A schematic
diagram of Bragg’s law illustrating both constructive and destructive interference is shown in
Figure 3.25. The peaks correspond to neutrons of wavelength scattered coherently and elastically
from crystal planes of spacing dhkl at a fixed scattering angle 2J [229]. The tested sample is
placed in the beam line where neutrons interact with nuclei within the material. Neutrons with
energy E (where E=12mn
2) at start time t0 are recorded by the detector at time t. The time,
t0 at which the neutrons leave the target is known because the beam is pulsed. Therefore, the
wavelength of the neutrons can be obtained from the measurement of their flight time (T) using
the de Broglie relationship. De Broglie’s relation gives the momentum, p, and hence neutron
speed, n, Equation (3.5).
p = mnn =
h¯
l
(3.5)
where mn is the neutron mass (1.67x10–27 kg) and h¯ is the Plank’s constant (6.63x10–34 Js).
d d
λ λ
Θ Θ
Figure 3.25: Schematic diagrams of Bragg’s law showing (a) constructive and (b) destructive interference.
Neutrons travel down flight path L, that is schematically shown in Figure 3.26. Therefore, the
time of arrival at the detector can by given by the Equation (3.6).
T =
L
n
=
Lmnl
h¯
(3.6)
Detectors at scattering angle 2J count neutrons as a function of time. Diﬀraction peaks occur
when Bragg’s Law is satisfied for some lattice spacings dhkl. Hence, peaks are measured at times
T given after the initial pulse by the Equation (3.7). A multichannel time analyser (TA) is
started synchronously with each pulse emission and it stores the detector signal. In this way, the
spectrum of recorded counts is created based on neutron flight time.
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Figure 3.26: TOF neutron diﬀraction experimental set-up. L1 distance neutron source to the sample, L1 distance
from the sample to the detector. t-t0=T=(L1+L2)
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positions is recorded by one Bragg pattern simultaneously. Adapted from [230]
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3.5.2 Lattice strain measurements
The behaviour of materials at the microscopic level aﬀects the material’s properties such as ten-
sile strength. Deformation of the metal results in the development of residual stresses. These are
stresses that remain in a material after all external loading forces have been removed. This can
occur over diﬀerent scales so two types of residual stresses can be defined; macrostresses (also
called type-I stresses or first order stresses) and microstresses (also called second order stresses).
Macrostresses arise because of diﬀerences in plastic flow of diﬀerent parts of a component. Mi-
crostresses occur at the crystal grain level, arise because of the interactions between hard and
soft regions [123]. Microstress can be further divided into: intergranular microstresses (or type-
II stresses) when they occur at the scale of microstructure and intragranular microstresses or
(type-III stresses) when they occur at the level of the crystal structure, due to e.g. the strain
field around dislocations [124].
Polycrystalline materials are composed of many grains of varying crystallographic orientations.
During deformation individual grains will therefore posses diﬀerent elastic stiﬀnesses in the load-
ing directions and diﬀerent slip strengths. Consequently, during the elastic-plastic transition,
depending on the orientation with respect to the tensile axis, some grains accumulate plastic
strain whereas others deform elastically [124–126]. This results in a transfer of load to grains in
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stronger orientations, which progresses until all the grains yield. Deformation initially occurs in
grains oriented favourably for slip (also called soft grains [127]), with elastic strain partitioning
to the grains oriented unfavourably for slip. As a result, on unloading, residual microstrains
remain within the grains that are last to deform. These internal strains within the grains are
termed ‘intergranular strains’ (type-II) [124; 127]. A schematic representation of the lattice strain
response in the loading direction to an applied load for grains oriented in the {220} and {002}
lattice planes perpendicular to the loading direction for a face-centered cubic (fcc) material is
shown in Figure 3.27.
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Figure 3.27: Schematic illustration showing the lattice strain response to applied load in the loading direction for a
polycrystalline f.c.c. material. The residual microstrains, De002 and De220 are also marked. Adapted from [123].
Second order stresses are diﬃcult to observe and requires a more accurate study along with
specialised techniques such as neutron diﬀraction. In recent years, neutron diﬀraction is used as
a sensitive and powerful tool for measuring residual stresses in bulk materials [124; 128; 129].
The importance of internal stresses on the mechanical behaviour of materials has been recognised
for a long time. However, the capability of X-ray diﬀraction is limited in that it reveals only the
stress state close to the specimen surface, which diﬀers from that within the bulk material. The
neutron diﬀraction method overcomes this limitation, due to the considerably greater penetration
depth into most materials.
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Liew [19] conducted an investigation on Ti-9Al wt.% (15Al at.%) using X-ray and neutron
diﬀraction. TEM studies confirmed that after long heat treatments an ordered structure was
formed. However, no diﬀraction peaks from the DO19 superlattice were present in the X-ray
diﬀraction patterns from the as-solutoinised and aged at 750  C for 500 hours. These results
confirmed that due to the relatively small diﬀerences in scattering factors of Ti and Al it is
diﬃcult to observe the diﬀuse peak above the background because the intensity of the peak
for both X-ray and electrons is very weak. This was also found in studies by Blackburn and
Williams [53], Namboodhiri [44] and Neeraj [59]. Liew [67] carried out the series of experiments
utilising an alternative approach using neutron diﬀraction. The results from these experiments
were in good agreement with those from TEM.
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Figure 3.28: Atomic scattering factors for Ti and Al. Adapted from [59].
Recently, a neutron diﬀraction study was performed by Neeraj [59] to characterise the presence
of ordering in Ti-6Al wt.% (10Al at.%) subjected to several heat treatments. She observed
diﬀuse peaks at 27, 40, 49 degrees (in 2J) which corresponded to the positions of the {101¯0},
{101¯1} and {112¯0} reflections for a2. It was shown that the ordered state can be modified by
ageing for diﬀerent times and temperatures. Neeraj et al. [21] claimed that the diﬀuse peak
was related to the ordered DO19 structure. In addition, optical microscopy observations of
slip evolution and analysis of dislocation structures using TEM was performed to relate the
deformation mechanisms to the macroscopic behaviour. Moreover, direct correlation between
the magnitude of the diﬀuse peaks and creep response were reported. It should be noted that
the earlier X-ray measurements by Neeraj [59] did not show the extra peaks of the ordered
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DO19 structure. As mentioned previously the intensity of the superlattice reflections in X-ray
diﬀraction in Ti-Al is low and because of this, studying ordering with this technique is diﬃcult.
Figure 3.28 shows the atomic scattering factors of Ti and Al as a function of sin(j)/(l) for
X-ray diﬀraction and neutron diﬀraction. It can be clearly seen that the scattering factors for
Ti and Al are similar in magnitude but the scattering factor for titanium is negative while that
for aluminium is positive [131; 132]. In the present project time-of-flight neutron diﬀraction is
used to characterise the evolution of intergranular lattice strains during tensile loading of Ti-
7Al. The measurements were made on tensile test specimens in directions both parallel and
perpendicular to the applied load. The aim of the experiment was to examine the eﬀect of
the diﬀerent heat treatments on the load partitioning that occurs during plasticity. Due to the
high penetration capability of neutrons, neutron diﬀraction measurements provide structural
information representative of the bulk.
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Ordering and the micromechanics of Ti-7Al
Curently, about half of the world production of titanium is used in the aerospace industry [1; 13;
28; 29; 231]. Principally, Ti alloys are favoured for their good specific high cycle fatigue strength,
modulus compatibility with carbon fibre composites and corrosion resistance [9–11]. There is a
longstanding concern about the response of near-a and a/b titanium alloys to cold dwell fatigue
conditions [112]. Most commercial titanium alloys are alloyed with around 6wt.% Al. It has
been known that the a phase in Al-containing Ti alloys undergoes ordering during prolonged
thermal exposure at temperatures around 500  C and the precipitation of fine, 10 nm islands of
the ordered Ti3Al (a2) phase [42; 44; 59].
According to Namboodhiri [46], a-Ti can chemically order when aged at temperatures around
500-700 C without long length scale chemical rearrangement. This gives rise to the appearance
of diﬀuse spots in the electron diﬀraction patterns observed in the TEM [20] and very diﬀuse
diﬀraction peaks observed using neutron diﬀraction at the correct positions for the a2 phase [20;
21; 59]. At lower temperatures, instead it is suggested that the material enters the a + a2 two-
phase field, such that a chemical spinodal-like decomposition can occur, as suggested by Liew et
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al. (née Wood) [18; 19]. A phase diagram summarising this is shown in Figure 4.1.
Blackburn andWilliams [53] observed a transition from homogenous to planar slip with increasing
Al content. Since that time, ordering has been discussed as an important factor contributing
to the anomalous solid-solution strengthening of the Ti-Al system. It has been suggested, for
example, that this leads to a requirement for dislocations to travel in pairs, as observed by
Neeraj [21]. It was also observed that dislocations can only travel on every other plane [21; 53].
Therefore, it is suggested that this is the reason why intermediate temperature ageing, or even
just slow cooling (Ti-6Al-4V [90], IMI 834 [55]), can render Al-containing near-a alloys and a/b
alloys more dwell-susceptible. This may be of concern to gas turbine manufacturers for certain
aero-engine components and load cycles. However, the factors promoting ordering (such as
oxygen content), as well as its eﬀect on the deformation mechanisms that underlie fatigue crack
nucleation and propagation, are still not fully understood. This chapter aims to provide better
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Figure 4.1: Phase diagram for the Ti-Al system [42; 44; 45]. The experimental heat treatments used in the present
study are identified. Adapted from [46].
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understanding of how the ageing condition aﬀects the micromechanics of Ti-7Al wt.% (11 at.%),
which is close to the Al content of the isolated alpha phase in the majority of a/b titanium alloys
in commercial use [10].
Recently, it has become common to study the load partitioning between grains in diﬀerent
orientations using in situ time-of-flight neutron diﬀraction (TOF) [59; 127; 232] or synchrotron
X-ray diﬀraction (SXRD) [233–235]. These experiments measure the change in peak position for
grains that satisfy the diﬀraction conditions, in response to a change in the macroscopic applied
stress. This provides a so-called internal strain gauge that measures the average behaviour of
‘families’ of grains sharing a common diﬀraction plane in the loading direction. Together with
TEM observations of the operative dislocation mechanisms, this allows a characterisation of the
micromechanical behaviour of a material both at the individual dislocation length scale and at
the level of grain averages.
4.1 Experimental Description
Ti-7Al wt.% (12Al at%) is investigated in this chapter. This composition was chosen because (i)
Al promotes the formation of ordered a2 domains that would give to slip planarity, as discussed
above; (ii) because it is similar to the composition of the a phase in many commercial alloys [87];
and (iii) the alloy can be heat treated to vary the extent of ordering a2 precipitation. Finally,
its high strength compared to its stiﬀness means that the elastic lattice strains produced will be
significant. The full description of the material is given in Chapter 3. 3/8 00 UNF threaded tensile
specimens (Figure 4.2(a)) with a gauge diameter of 5.6mm and 34mm length were machined
with the parallel specimen length along the rolling direction (RD). These were encapsulated
within quartz with an Ar atmosphere and heat treated at 920  C for 10 min followed by heat
treatments given in Table 4.1. The nine conditions were intended to produce the progressively
greater amounts of ordering.
Samples for TEM examination were prepared by electropolishing. Detailed information about
this technique is provided in Chapter 3.2.3. The specimens were examined in a JEOL 2000FX
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Table 4.1: Ti-7Al, heat treatments which were investigated by TEM. The intensity of superlattice reflections are
qualitatively described.
Alloy name Time [days] Temperature [  C] Superlattice reflection
Ice water quenched (IWQ) - - not visible
Air cooled (AC) - - not visible
450/7d 7 450 not visible
450/28d 28 450 not visible
550/7d 7 550 very very weak
550/28d 28 550 very weak
550/84d 84 550 visible
625/7d 7 625 very very weak
625/14d 14 625 very very weak
200kV TEM with an Oxford Instruments ultra-thin window energy dispersive X-ray spectrom-
eter (EDS) and in a JEOL 2100F 200kV TEM/STEM. A double tilt holder was used for the
determination of crystal structure and for diﬀraction analysis.
4.1.1 Strain measurements by time-of-flight (TOF) neutron diﬀraction
The specimens were deformed in-situ in tension using the VULCAN diﬀractometer at the Spal-
lation Neutron Source at ORNL in order to examine the eﬀect of the diﬀerent heat treatments
on the load partitioning that occurs during plasticity. A detailed description of the instrument
can be found elsewhere [236–240]. A schematic illustration of the experimental setup is shown
in Figure 4.2(b).
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Figure 4.2: (a) Schematic drawing of the 3/8 00 UNF threaded tensile specimen. (b) A schematic of the experi-
mental setup on the VULCAN instrument at the Spallation Neutron Source at ORNL, TN, USA (top view, not
to scale).
Loading measurements were made at room temperature using an MTS servo-hydraulic testing
machine and a 10mm extensometer. Neutron diﬀraction measurements were first made at a pinch
load of 20MPa. In the fully elastic region, 13 measurements were made at intervals of 50MPa up
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to 620MPa, at a loading rate of 50MPa s–1. Subsequently, through the elasto-plastic transition,
increments of strain were applied at a strain rate of 3⇥ 10–4 s–1, followed by a 5 s hold in strain
control and then unloading to 620MPa at 50MPa s–1. This was performed in order to minimise
cold creep during extended holds whilst obtaining neutron diﬀraction patterns at the point of
yield, without giving rise to yielding on unloading between grains in diﬀerent orientations. The
increment in strain applied was 0.45%; approximately 0.20% of this strain was recovery of the
elastic unload and 0.25% was the plastic strain increment. A 20min sampling time was used.
After approximately 4.5% plastic strain had been applied, the sample was unloaded at 50MPa s–1
and a final measurement was made at 20MPa. The diﬀractometer was operated at 20Hz, taking
one in three of the spallation neutron pulses from the target, with a central wavelength of
2.8Å and a bandwidth of 4.3Å. Vulcan has detector banks at ±90  (Figure 4.2(b)), and peaks
within a d-spacing range of 0.46-3.0Å could be observed. 5⇥ 5mm incident slits were used with
collimators focussed on a 5mm wide region in the samples. Figure 4.3(a) shows the indexed
diﬀraction spectra for the IWQ specimen at the initial load of 20MPa. Vulcan is optimised for
flux over the 0.7-1.2Å d-spacing range, which corresponds to rather high order peaks in hcp
a-Ti. However, more than 15 distinct peaks could be observed. In this work, only the first order
peaks are presented. Neutron diﬀraction data were collected and analysed for the {101¯0} {101¯1},
{112¯0}, {112¯2}, {202¯3}, {202¯1}, {213¯1}, and {213¯3} peaks.
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Figure 4.3: (a) Intensity against d-spacing for Ti-7Al in the IWQ condition at 20MPa in the loading direction
(longitudinal detector L). (b) The corresponding fit to the experimental data for the {112¯0} peak.
The specimen texture modifies the observed intensities from those of an ideal powder, such that
certain peaks may not be visible. For example, the specimen texture has very few {0002}-
oriented grains in the rolling / loading direction, and hence this peak was not well detected in
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the longitudinal bank. The original source spectra were analysed using the VDRIVE (VULCAN
Data Reduction and Interactive Visualization software) software package [241]. Each reflection
was fitted individually using a single Gaussian peak; an example is shown in Figure 4.3(b). For
each peak analysed, the elastic lattice strain ehkil was calculated from the relative change in
measured lattice spacing dhkil, using Equation (4.1).
ehkil =
dhkil – dhkil0
dhkil0
(4.1)
where, dhkil is the d-spacing of the {hkil} diﬀraction peak obtained at a given load, and dhkil0 is
the reference d-spacing of the {hkil} diﬀraction peak obtained at zero load. Figure 4.4(a) shows
an example of the evolution of macroscopic stress against lattice strain in the elastic regime for
the {112¯0} diﬀraction peaks for IWQ, AC, 625/14d and 550/28d samples. This reference spacing
was calculated from the 13 measurements comprising the linear response during the initial elastic
loading to 620MPa, which is a more accurate manner to measure dhkil0 than using a single value
measured at zero load [127]. In this way, the apparent stiﬀness, or diﬀraction elastic constant
(DEC), for each peak was also determined. Figure 4.4(b) shows an example of macroscopic stress
versus d-spacing for the {112¯0} diﬀraction peak, for each heat-treatment studied.
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Figure 4.4: (a) Macroscopic stress versus d-spacing from {112¯0}. Applied stress versus lattice strain graph from
{112¯0} in the loading direction.
4.2 Results and discussion
The macroscopic stress-strain curves for the IWQ, AC, 625/14d, and 550/28d conditions are
shown in Figure 4.5. All four specimens showed an essentially identical loading response, with
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Figure 4.5: Tensile loading curves for the four conditions examined. Beyond the yield point, samples were
periodically unloaded and measurements were taken at 620MPa (unloads removed for clarity).
a yield stress of ⇠ 800MPa and very little work hardening. However, a progressive rise in the
macroscopic Young’s modulus with ageing could be observed, Table 4.2, from 105 to 114 GPa.
Table 4.2: Young’s modulus, E (GPa) and c/a ratio for Ti-7Al in the IWQ, AC, 625/14d, and 550/28d specimens.
E,GPa c/a
IWQ 105.2± 1.0 1.6949(3)
AC 109.7± 0.7 1.6947(2)
625/14d 108.3± 0.8 1.6945(4)
550/28d 114.4± 0.8 1.6947(2)
4.2.1 Experimental d-spacing response
The Millers-Bravais indices of the {112¯0} and {101¯2} peaks and their d0 values were used to
determine the lattice parameters (c and a). The calculated c/a ratios are shown in Table 4.2,
whilst the measured dhkil0 and diﬀraction elastic constants (DECs) as a function of the orientation
parameter H2 are shown in Table 4.3. H2 represents the cosine of the angle between a plane
{hkil} and the basal plane [242]. H2 is given by Equation 4.2.
H2 =
l2
4
3(
c
a)
2(h2 + hk + hk2) + l2
(4.2)
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Table 4.3: Diﬀraction elastic constants (DEC, GPa) and initial lattice parameters (d0, Å) measured by neutron
diﬀraction. The number in parenthesis indicates the uncertainty from a back extrapolation of a linear fit through
the d-spacing values measured in the elastic loading regime.
H2 0.00 0.23 0.00 0.29
{hkil} {101¯0} {101¯1} {112¯0} {112¯2}
d0 IWQ 2.5358(2) 2.2288(1) 1.4636(1) 1.2405(1)
AC 2.5353(2) 2.2282(1) 1.4634(1) 1.2402(0)
625/14d 2.5352(1) 2.2281(1) 1.4630(0) 1.2400(0)
550/28d 2.5341(3) 2.2276(1) 1.4628(0) 1.2398(0)
DEC IWQ 116.5± 3.3 120.1± 2.0 115.2± 0.4 119.8± 0.8
AC 113.8± 2.6 117.5± 2.0 115.5± 0.7 118.8± 0.8
625/14d 126.1± 3.3 119.5± 2.0 116.7± 0.4 121.3± 0.8
550/28d 109.6± 3.2 119.1± 2.1 115.5± 0.4 120.2± 1.1
H2 0.07 0.37 0.04 0.28
{hkil} {202¯3} {202¯1} {213¯1} {213¯3}
d0 IWQ 1.2227(1) 0.9818(2) 0.9385(1) 0.8161(0)
AC 1.2225(1) 0.9828(2) 0.9383(0) 0.8159(1)
625/14d 1.2223(1) 0.9829(2) 0.9382(0) 0.8158(0)
550/28d 1.2222(1) 0.9823(3) 0.9381(0) 0.8157(0)
DEC IWQ 113.9± 2.5 91.5± 3.9 115.6± 0.7 114.5± 1.7
AC 114.1± 2.9 113.8± 9.0 115.3± 0.8 115.0± 2.4
625/14d 118.6± 2.5 127.5± 9.3 117.9± 0.9 119.4± 2.4
550/28d 119.0± 2.2 106.7± 10.4 118.0± 0.5 118.1± 2.2
The DECs are a consequence of the stiﬀness of the underlying grains and their orientations,
with accommodation by the surrounding grain environment. For hexagonal single crystals, the
Young’s modulus varies linearly with H2. Generally, a slight reduction in the measured d0
values was observed with ageing, by 6.7 ⇥ 10–4 for the {1010} and 4.1 ⇥ 10–4 for the {2023}.
The exception was the {2021}, which was the peak with the worst peak fitting uncertainty.
Similarly, a trend in reduction of c/a with ageing could be observed, except for the 550/28d
sample where a2 precipitation was intended. However, the DEC values show almost no variation,
despite the around 10% increase in the macroscopic modulus, and despite the very low measured
uncertainties (again, with the exception of the {2021} peak). This suggests that the stiﬀer
a2 phase increased the specimen stiﬀness without aﬀecting the strains in the a matrix. This
observation is still not fully understand and needs more detailed studies.
During the elastic-plastic transition, depending on the orientation with respect to the tensile axis,
some grains accumulate plastic strain whereas others deform elastically [124; 125]. This results
in a transfer of load to grains in stronger orientations, which progresses until all the grains have
begun to yield. Deformation initially occurs in grains oriented favourably for slip (also called soft
grains [127]), with elastic strain partitioning to the grains oriented unfavourably for slip. As
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a result, on unloading, residual microstresses remain within the grains that are last to deform.
These internal elastic strains varying between grains are termed intergranular strains [124; 127].
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Figure 4.6: Residual lattice strain evolution as a function of plastic strain in the loading direction. Typical peak
fitting uncertainties for each peak are indicated by the error bars provided. Trendlines were inserted to data as
guides to the eye.
The evolution of the residual lattice strains with plastic strain for each sample is shown in Figure
4.6. Calculations are given in Appendix 8.3. These are additional lattice strains measured after
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subtracting the elastic lattice strains expected from the DEC’s, and were measured during the
holds at 620MPa, thus avoiding both plasticity on unloading and cold creep. The peak with the
lowest fitting uncertainty (39µ"), the {1120}, shows almost no variation between the specimens.
It accumulates a net compressive residual lattice strain of between –190 and –240µ", which is very
similar to the observation of –200µ" in CP Ti [127]. Similar behaviour is observed for the {2131}.
The {1011} and {1122} both show an extended elastic-plastic transition over the first 2% plastic
strain, with load partitioning from these orientations to stronger orientations, and quite large
residual microstrains of –800µ". For reference, 1000µ" would correspond, very approximately,
to a stress of 110MPa. It can also be observed that none of the specimen conditions results in
a significant alteration in lattice strain response.
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Figure 4.7: Residual lattice strain inverse pole figure (in the loading direction) for the diﬀerent samples examined,
averaged over the interval between 2 and 4% plastic strain. The contours are guides to the eye.
The trends observed are summarised in Figure 4.7, which is an inverse pole figure of the measured
residual lattice strains in the loading direction. The requirement for a stress balance implies that
the residual lattice strains, when texture-weighted, must average to zero, so some orientations
must possess positive residual elastic lattice strains, it just happens that these orientations were
not accessible experimentally. The ‘soft’ orientations towards {1010} and {1120} all show small
compressive residual lattice strains. The largest compressive microstrains are found at interme-
diate inclinations of the c-axis, since these are orientations where the prism planes are closest
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to the plane of maximum shear (45 ). Therefore the positive residual strain must be found for
grains that are orientated near-{0001}, which was the smallest texture component and could not
be measured. These inferences are summarised in the contour lines drawn as a guide to the eye.
When taking the average across the interval between 2 and 4% plastic strain, no statistically
significant trends can be observed.
Compared to CP Ti in a similar, bar rolled condition and deformed in tension [127], some
systematic diﬀerences can be observed, due to the eﬀect of the aluminium substitution. The
{1010} peak shows insignificant residual lattice strain accumulation, compared to –2 ⇥ 10–4
in CP Ti. The {1011} and {1120} show very similar, slightly compressive behaviour. And
finally, the behaviour of the {1122} and {2021} is reversed, with the {1122} showing compressive
microstrains of around –600µ" and the {2021} near-zero lattice strain accumulation. Thus, the
most compressive microstrains appear to have been shifted to slightly higher H2, to grains with
c-axes slightly more inclined to the loading direction.
4.2.2 Transmission electron microscopy (TEM)
The eﬀect of ageing time and temperature on the observation of superlattice reflections is shown
in Figures 4.8-4.11. The tensile test samples following 4.5% plastic strain were observed by
TEM. Dislocation Burgers vectors were determined by g · b=0 (g is the diﬀraction vector and b
the Burgers vector) invisibility analysis [135; 136; 243]. Values of g · b=0 for the possible Burgers
vectors are given in Appendix 8.2. There was no evidence of ordering in the IWQ specimen,
consistent with previous work on Ti-7Al (wt.%) [89; 244]. Progressively stronger superlattice
reflections were observed in the specimens aged at 625  C for 14 days and specimens aged at
550  C for 28 days. In Ti-6Al-4V, sometimes weak superlattice reflections can be observed in
material that has been air cooled [90], but these could not be observed in the present case. The
observation of superlattice spots implies long range order, achieved via a first order transition
(discrete particles with a diﬀerent chemical composition) or via a second order transition (con-
tinouse change in chemical composition). However, clear evidence for the formation of Ti3Al
precipitates, from EELS or from dark field imaging using the superlattice spots, was not ob-
served. Brandes et al. [89] made similar observations in both Ti-7Al and Ti-6Al-2Sn-4Zr-2Mo
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(wt.%). Also, Liew et al. [19; 67] presented similar results in their study of the size and mor-
phology of the ordered regions in Ti-9Al wt.%(15Al at.%) by electron microscopy and electron
diﬀraction. Here, for heat treatments of less than 20 days at 550  C the superlattice reflections
were too weak to produce an image.
a) b)
a) b)
5 1/nm 5 1/nm 
Figure 4.8: [2110] diﬀraction patterns showing the eﬀect of ageing time and temperature on the observation of
superlattice reflections; (a) IWQ, (b) AC.
As previously observed by Williams and Blackburn [53], Brandes [89] and Neeraj [59], after heat
treatment, the dislocation arrangements changed from isolated <a>-type dislocations to <a>
dislocations moving in bands, Figures 4.12-4.20 (the description of procedure for determinate
the dislocation type can be found in Chapter 3, Section 3.2.4). So, for example, in the air cooled
sample, the dislocations observed extend across the sample, extending from sources within the
grain. Dislocations can also be observed to glide over each other, and extend across the sample.
In contrast, in the sample aged into the (a+ a2) region of the Ti-Al phase diagram (according to
Namboodhiri [46]), Figures 4.17-4.20, the dislocations travel in distinctive bands, and group into
pairs, as first observed by Blackburn and Williams [53]. This behaviour is also characteristic of
deformation in the presence of hydrogen, e.g. during stress corrosion cracking. This has been
widely attributed to the requirement for a-Ti dislocations to travel in pairs in ordered Ti3Al
in order to avoid the formation of Al-Al bonds. This behaviour is analogous to the formation
of superdislocation ribbons in superalloys during the shearing of the ordered Ni3Al [245; 246].
Interestingly, the sample aged in the SRO region identified by Namboodhiri [46] (625  C for
14 days) also showed dislocations travelling in bands and in discrete pairs, Figures 4.13-4.16.
Furthermore, additional connections and tangles of the dislocations were observed within the
100
a) b)
a) b)
5 1/nm 5 1/nm 
Figure 4.9: [2110] diﬀraction patterns showing the eﬀect of ageing time and temperature on the observation of
superlattice reflections; (a) 450/7d, (b) 450/28d.
bands. Isolated dislocation pairs could also be observed between the bands. A variable spacing
between dislocation pairs were observed in Ti-6Al-4V aged for 5 weeks at 500 C by Wu et
al. [90] and this was explained by appealing to a random distribution of ordered precipitates.
The observation of planar slip and dislocation pairing is consistent with both first and second
order long range ordering, and with short range ordering, which of these in fact occurs remains
a topic of active study in the community. Although the observation of superlattice spots in
certain imaging conditions suggests that long range ordering does in fact occur. Some authors
suggest that composition islands may be detectable in certain circumstances by atom probe
tomography [90], although this observation has not been widely reproduced.
a) b)
a) b)
5 1/nm 5 1/nm 
Figure 4.10: [2110] diﬀraction patterns showing the eﬀect of ageing time and temperature on the observation of
superlattice reflections; (a) 625/7d, (b) 625/14d. The example of superlattice reflections is marked by an arrow.
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The Stroh-like model for dwell fatigue [106; 108; 110] suggests that localised slip band formation
in a soft grain well oriented for <a> slip initiates the formation of a near-featureless dwell fatigue
facet in an adjacent hard oriented grain with its {0002} plane near-parallel to the loading axis,
via a combination of prism <a> slip systems. This explains why macrozones - alternate regions
of similarly oriented grains inherited from the transformed b colonies - give rise to poor dwell
performance, as they produce many such combinations of adjacently oriented grains. It also
explains why ordering gives rise to cold dwell fatigue, as ordering would promote the formation
of such localised slip band formation. The present work demonstrates that the changes in defor-
mation mechanisms, and single crystal moduli, produced by ordering do not change the overall
strain distributions measured in diﬀerent grain orientations, despite the changes observed in the
TEM. Thus, the eﬀect of ordering on dwell fatigue appear to be a consequence of the localisation
of deformation and not via any secondary eﬀects, such as hardening due to the precipitation of
a2, or a change in the overall extent of plastic or elastic anisotropy.
a) b)
5 1/nm 5 1/nm 
c)
5 1/nm 
Figure 4.11: [2110] diﬀraction patterns showing the eﬀect of ageing time and temperature on the observation of
superlattice reflections; (a)550/7, (b)550/28d, (c)550/84d. The example of superlattice reflections is marked by
an arrow.
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Figure 4.12: TEM micrographs of the air cooled (AC) sample. A bright-field image obtained using g=[0002]. (a)
A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after deformation to 4.5%
plastic strain.
103
    _0110
    _0111
    _0112
  _0112
 
0002
  _0111
  _0110
 
0000
    _ _0111
  _  _0111
      _ 
0002
    _ _0112
  _  _0112
28.6 o
          _ 
B=[2110]
a) b)
c)
5 1/nm 
         _ 
g=
[0110]
0.5 µm 
Figure 4.13: Ti-7Al, TEM micrographs of the sample aged at 625  C for 14 days. The image using g=[0110]. (a)
A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after deformation to 4.5%
plastic strain.
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Figure 4.14: Ti-7Al, TEM micrographs of the sample aged at 625  C for 14 days. The image obtained using
g=[0111]. (a) A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after defor-
mation to 4.5% plastic strain.
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Figure 4.15: Ti-7Al, TEM micrographs of the sample aged at 625  C for 14 days. The image obtained using
g=[0002]. (a) A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after defor-
mation to 4.5% plastic strain.
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Figure 4.16: Ti-7Al, TEM micrographs of the sample aged at 625  C for 14 days. The image obtained using
g=[1011]. (a) A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after defor-
mation to 4.5% plastic strain.
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Figure 4.17: Ti-7Al, TEM micrographs of the sample aged at 550  C for 28 days. The image obtained using
g=[0002]. (a) A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after defor-
mation to 4.5% plastic strain.
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Figure 4.18: Ti-7Al,TEM micrographs of the sample aged at 550  C for 28 days. The image obtained using
g=[1011]. (a) A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after defor-
mation to 4.5% plastic strain.
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Figure 4.19: Ti-7Al, TEM micrographs of the sample aged at 550  C for 28 days. The image obtained using
g=[2112](a). A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after deforma-
tion to 4.5% plastic strain.
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Figure 4.20: Ti-7Al, TEM micrographs of the sample aged at 550  C for 28 days. The image obtained using
g=[2110](a). A key diagram. (b) A selected area diﬀraction pattern. (c) Dislocation configuration after deforma-
tion to 4.5% plastic strain.
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4.3 Summary of results
The microstrain evolution between grain families in a Ti-7Al wt.% (12Al at.%) alloy during
room temperature tensile testing of diﬀerent heat treated specimens has been investigated using
neutron diﬀraction. For samples after heat treated for 14 days at 625  C and 28 days at 550  C,
both the diﬀraction evidence and dislocation behaviour was consistent with the presence of
ordering.
The following conclusions can be drawn:
1. Superlattice reflections were visible in diﬀraction patterns after 14 days of exposure at 625  C
and 28 days of exposure at 550  C. Ordered regions could not be observed using dark field
imaging.
2. Previous results [19; 67] suggesting that the strength of the superlattice reflections increases
with ageing time, are confirmed. This suggested the development of ordering with time within
the alloy.
3. A slight reduction in the measured d0 values and c/a was observed with ageing. Very little
or no change in the a phase diﬀraction elastic constants could be measured.
4. The residual lattice strains observed in the samples aged to diﬀerent ordering degrees were,
to within experimental uncertainty, the same.
5. Planar slip bands with dislocation pairs were observed in samples which were aged for 28 days
at 550  C and 14 days at 625  C. Such behaviour may be the consequence of the formation of
diﬀerent size distributions of a2 precipitates. The samples aged at the higher temperature had
less well organised arrays of dislocations.
6. The changes in deformation mechanisms consequent to ordering do not have an eﬀect on the
deformation behaviour at the level of grain averages, but only at the level of strain localisation
within grains.
It would have been reassuring to measure the tensile microstrains, so that a stress balance
could be assured, but this was impossible due to the absence of the {0002} peak. Possibly
high resolution EBSD measurements could enable such orientations to be measured, if suﬃcient
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accuracy could be obtained. Alternatively, if synchrotron X-ray diﬀraction measurements could
be make in enough grains (e.g. by scanning the sample), this might be able to capture the {0002}.
Finally, a low-background diﬀractometer like ENGIN-X might be able to obtain measurements
from the {0002}.
Since these results suggest that the presence of a2 does not aﬀect the type II (grain-to-grain)
intergranluar strains, they also oﬀer some comfort that a2 eﬀects do not invalidate the applica-
bility of results obtained from crystal plasticity models, at least at the level strain redistribution
between whole grains.
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The formation of ordered clusters in Ti-7Al
and Ti-6Al-4V
Titanium alloys are widely utilised in aero-engine applications for critical rotating parts, with
the majority of the commonly used a+b alloys possessing an Al concentration between 6 and
8 wt.% [11; 13; 28]. Ti-6Al-4V (wt.%) is an a + b alloy which oﬀers a combination of good
specific fatigue strength and corrosion resistance, and is therefore commonly used in aerospace
applications [13]. The binary a-Ti alloy Ti-7Al wt.% (12Al at.%) is frequently used [20; 89] as a
model alloy to represent the a phase of Ti-6Al-4V. Thus there is an initial assumption that the a
phase is depleted in V which is a b-stabiliser. Cold dwell fatigue is a phenomenon where holding
periods at load of the order of 2 minutes result in large reductions in cyclic life. This is of concern
to jet engine manufacturers for components such as Ti-6Al-4V fan discs. In Al-containing alloys,
ordering of the a-phase, observed as diﬀuse spots corresponding to the Ti3Al structure in selected
area transmission electron diﬀraction (SAD) patterns, have been frequently found to co-occur
with poor dwell fatigue performance [10; 20]. At long ageing times at temperatures around
500  C, these diﬀuse spots can eventually become identifiable single crystal electron diﬀraction
spots that permit the imaging of nanoscale a2 precipitates [52]. The eﬀect of heat treatment
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times and temperatures on a2 size for Ti-Al alloys with diﬀerent Al concentrations has been
studied since the late 1960s [19; 42; 44; 52; 53], but is still not well understood.
The quantification of this ordering and spinodal decomposition phenomenon for air cooled sam-
ples or those aged at 625  C has remained very diﬃcult [18; 67]. In principle, the diﬀerence
between the Ti3Al and hexagonal close packed (hcp) a-Ti phases is twofold; (i) a-Ti has a sol-
ubility for Al of only ⇠10 at.%, and (ii) in Ti3Al, no Al-Al bonds exist. Therefore, it might
be possible for ordering of a-Ti to occur without long-scale chemical decomposition (only ii), or
that a conventional chemical decomposition must first occur that enables the formation of or-
dered Ti3Al precipitates. Superlattice spots have been observed [44; 53] in transmission electron
microscopy (TEM). Furthermore, Neeraj et al. [20; 21] observed broad diﬀuse scattering peaks
in neutron diﬀraction in Ti-6Al wt.% (10Al at.%), which have also been observed in Ti-7Al
wt.% (12Al at.%) by Fitzner et al. [151]. Both Neeraj [20] and Brandes in Ti-7Al wt.% (12Al
at.%) [89] observed diﬀuse spots in TEM, which could be suppressed by water quenching, and
provide a fully disordered a-Ti structure. More recently, ordering in the a phase of Ti-6Al-4V
has been observed by Wu et al. [90] at relatively short ageing times of 35 days at 500  C. In ad-
dition, Liew et al. [18] studied Ti-9Al wt.% (15Al at.%) by field ion microscopy (FIM) after 500
hours ageing at 650  C and 750  C, where ordering could be observed in the TEM but composi-
tional variations could not. Therefore, the problem of quantifying this precipitation phenomenon
has remained strongly intractable to analysis, by 1998-era atom probe tomography instruments
(APT) [181; 195; 247; 248], by TEM and by neutron diﬀraction. Recent advances in APT en-
able this question to be revisited, and this is the topic of this chapter. APT is accompanied by
conventional TEM using high range diﬀraction pattern characterisation.
5.1 Experimental Description
An ingot of nominal composition Ti-7Al wt.% (12Al at.%) Al and a plate of Ti-6Al-4V (wt.%)
were investigated. The full description of the materials is given in Chapter 3. The ordering
state of Ti-7Al was manipulated by employing diﬀerent heat treatment routes to produce five
conditions of interest. The heat treatments were as follows: (i) 920  C for 10min, followed by
ice water quenching (IWQ), (ii) air cooling (AC), (iii) AC and then ageing at 625  C for 14 days
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(625/14d), (iv) AC and then ageing at 550  C for 28 days (550/28d), and finally (v) AC and
then ageing at 550  C for 84 days (550/84d). These five conditions were intended to produc
progressively greater amounts of ordering. Samples of Ti-6Al-4V were heat treated as follows:
(i) 930  C , followed by slow cooling - vacuum furnace cooling (SC), (ii) SC and then ageing at
625  C for 14 days (625/14d), (iii) SC and then ageing at 550  C for 28 days (550/28d). The
five heat treatments of Ti-7Al and three heat treatments of Ti-6Al-4V used in this study are
presented in Table 6.1.
Table 5.1: Ti-alloy heat treatments as investigated by TEM and APT. Reflection visibility (SAD) patterns, the
visibility of precipitates in dark field (DF) and the observation of ordered clusters using APT are summarised.
[  C]/days SAD pattern DF APT 50NN
Ti-7Al
IWQ &AC not visible no
625/14d very very weak no none
550/28d very weak no none
550/84d weak 20⇥ 150 nm
Ti-6Al-4V
SC weak no
625/14d strong no barely
550/28d strong variations ordered regions
5.1.1 Transmission electron microscopy
Specimens for TEM were produced by electropolishing (detailed information is given in Chap-
ter 3.2.3). Samples from primary a grains in the Ti-6Al-4V alloy were produced by in-situ lift
out in a dual beam focused ion beam/scanning electron microscope (FIB/SEM) [249; 250]. TEM
sample preparation requires a series of steps, including selection of the area of interest, protection
with Pt, site milling, lifting out, and finally precise thinning and polishing of the sample [174]. A
detailed description of the lift-out and ion beam polishing procedure can be found in [135; 251–
253]. Transmission electron microscopy was performed using a (i) JEOL 2000FX 200kV TEM
equipped with an Oxford Instruments ultra-thin window energy dispersive X-ray spectrometer
(EDS), (ii) JEOL 2100F 200kV TEM/STEM equipped with EDS (XMax, Oxford Instruments)
and EELS (Gatan, Quantum GIF with 0.8 eV energy resolution) and (iii) FEI Titan 80-300 keV
monochromated and dual Cs-corrected TEM/STEM.
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5.1.2 Atom probe tomography
Atom probe tomography (APT) is a 3D high-resolution characterisation technique that allows
the reconstruction of the positions of atoms, chemically identified via time-of-flight spectroscopy,
within a needle-shaped sample [181; 187–190]. APT samples were prepared by the FIB lift-out
method using a FEI Helios NanoLab 600 DualBeam system equipped with an OmniprobeTM.
Atom probe experiments were performed in the voltage-pulsing mode using a CAMECA LEAP
3000X HR and a LEAP 4000X Si. The stage temperature and the voltage pulse fraction were set
to 55K and 15%, respectively. After data collection, the atom maps from the runs were recon-
structed utilising IVASTM data analysis software which is based on the standard algorithm [254].
5.2 Results and discussion
5.2.1 TEM investigation
Prior experimental work on Ti-Al alloys showed that ordering could develop in alloys that had
been aged or have been used in service at relatively low temperatures of around 500  C [20; 21].
A variety of methods have been used to investigate this phenomenon. Some contention has arisen
around the a\(a+a2) phase boundary due to the fact that the ordered regions are indirectly visible
only using high resolution techniques after prolonged heat treatments [18; 20; 21]. The majority
of publications on short range ordering (SRO) have been based on TEM studies, particularly
by analysing SAD patterns. It was previously reported that Ti3Al precipitates could be easily
identified, as these produce superlattice reflections in SAD patterns [255]. Superlattice reflections
occur symmetrically between the reflections from the disordered matrix along certain directions.
This phenomenon is due to the fact that the lattice parameter of a2 is approximately twice that of
a. However, many studies [18; 19; 21; 42; 44] have shown the superlattice reflections in diﬀraction
patterns of a and near-a titanium alloys after ageing, but very often it has not been possible to
image ordered regions in dark field TEM. This has been explained by suggesting that the ordered
regions were too small to be resolved. Although more work needs to be done to obtain conclusive
evidence of the ordered structure, it seems to be reasonable to attribute the extra electron
diﬀraction spots to the formation of an ordered structure in the Ti-Al system. In the IWQ
and AC samples, only fundamental reflections from the matrix are evident in the SAD patterns,
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Figure 4.8. In contrast, the extra diﬀraction spots seen in Figures 4.10 and 4.11 (Chapter 4) arise
from the ordered phase. After heat treatment for 84 days at 550  C, the superlattice reflections
were strong enough to allow imaging in dark field of the ordered regions, Figure 5.1. From the
samples which were aged for shorter times, it was not possible to obtain dark field images of
precipitates. Table 5.1 compares the intensity of the visible superlattice reflections for diﬀerent
heat treatment conditions.
2 1/nm 
a) b)
0.1 µm  
Figure 5.1: (a) Selected area [21¯1¯0] diﬀraction pattern of Ti-7Al after heat treating at 550  C for 84 days. (b)
Dark-field image of the ordered regions in Ti-7Al (550/84d), taken from the marked superlattice spot.
The intensity of superlattice reflections depends on the sample thickness, holder tilt, and time
of exposure. As a result, various zone axes and long exposure times were used to study ordering
through the analysis of the diﬀraction patterns. The charge-coupled devices (CCD) commonly
used in modern TEM cameras can be damaged by prolonged exposures, and so a JEOL 2100F
TEM/STEM electron microscope was used, equiped with a camera and photographic film, al-
lowing long exposure times. In the Ti-7Al (IWQ and AC) samples, even after long exposure
times, only reflections from the matrix were visible on the negatives. Reflections described as
very, very weak were only seen on the negative when overexposed. In Ti-7Al samples 550/28d
and 625/14d, although the superlattice spots were clearly visible, it was not possible to image
precipitates of the a2 phase in dark field mode, even with prolonged exposure times.
High angle annular dark field (HAADF) scanning transmission electron microscopy (STEM)
imaging was carried out to try to visualise any compositional changes due to Ti3Al ordering in
Ti-7Al and Ti-6Al-4V (wt.%) in all conditions. No obvious contrast diﬀerences were observed
on length scales from 1-500 nm that could be attributed to Ti3Al ordering. EDX, carried out on
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a JEOL 2100F TEM/STEM operating at 200kV and fitted with an Oxford Instruments XMax
detector, confirmed that 6-7 wt.% Al was present in the Ti samples, but it was not possible to
detect any local compositional variations.
5 1/nm 
a) b) c) 
625/14 550/28slow cooled
Figure 5.2: Ti-6Al-4V, selected area [21¯1¯0] diﬀraction patterns in the (a) SC, (b) 625/14d, (c) 550/28d. The
superlattice reflections are marked by arrows.
According to Blackburn [42], a2 particles observed in Ti-8Al wt.% (13Al at.%) are spherical
in shape initially and maintain this geometry up to around 50 nm, finally elongating to form
ellipsoids with the major axis lying along the [0001] direction. Blackburn observed rapid growth
of the a2 phase once it was formed, however, the growth rate decreased at long ageing times.
Similar results were later obtained by Nambordhiri et al. [44] in alloys containing 8.5 and 16.5
wt.% Al (13.8 and 23.8Al at.%). They observed the change in morphology from an irregular
shape prior to an elliptical one with a diameter of 10 nm. Our own observations are consistent
with these results. In the Ti-7Al alloy aged for 84 days at 550  C, dark-field microscopy using
a superlattice reflection revealed features 20 ⇥ 150 nm in size with elliptical morphology. These
can be clearly seen in Figure 5.1.
Electron diﬀraction experiments were also carried out on the Ti-6Al-4V sample. The a phase
in Ti-6Al-4V was found, using EDX in the SEM, to have the approximate composition of Ti-
7.6Al-2.3V wt.% (12.8Al-2.0V at.%) , with the remaining vanadium mostly rejected to the b,
observed using EDX in the SEM. Diﬀraction patterns taken from the a phase of the SC sample
contained additional spots to the fundamental reflections, Figure 5.2(a). These additional weak
reflections in the recorded SAD patterns imply that ordered domains are present. Figure 5.2(b-c)
presents electron diﬀraction patterns taken from Ti-6Al-4V samples which were aged for 14 days
at 625  C and for 28 days at 550  C, respectively. Clearly visible superlattice reflections suggest
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that such ordered domains have an a2 hexagonal D019 crystal structure. The results of the SAD
pattern observations in the present specimens of Ti-6Al-4V aged at temperatures between 550
and 625  C, suggest that the ordering in this alloy is faster than in the binary Ti-7Al alloys
under similar conditions. Thus, while it is confirmed that ordering occurs in Ti-Al alloys with Al
concentrations of around 6 wt.% (10 at.%), in addition, it appears that V additions to a Ti, even
at quite small concentrations around 4 wt.% (3.6 at.%), result in faster a2 formation. It should
be noted that both samples had similar initial O contents (1900 ppmw in Ti-7Al and 1900 ppmw
in Ti-6Al-4V, Chapter 3, Section 3.1).
The Ti-6Al-4V sample aged at 550 C for 28d was also examined by HRTEM in a JEOL 2100F
200kV TEM/STEM, Figure 5.3. Spatial variations in the overall intensity of the atomic columns
in high resolution imaging could be observed. When fast Fourier transforms (FFT) were taken
of diﬀerent subregions of the image, then in some of these regions (3-5, 7-8), evidence of an a2
spot could be observed. Line profile analyses between the {0112} and {0002} spots are shown
in Figure 5.4, and also indicate the presence of a peak corresponding to the a2 in subregions
3-5 and 7-8. A dark field image taken using the superlattice spot from this sample in an image
aberration-corrected Titan TEM is shown in Figure 5.5, which also shows spatial variations in
intensity. Therefore, there is strong evidence for local variations in the extent of ordering, on the
scale of 15-300 nm.
Prior TEM studies on Ti-6Al-4V by Wu et al. [90] has shown weak superlattice maxima in doubly
exposed diﬀraction patterns taken from a sample slowly cooled from 930  C. However, it was
not possible to obtain dark field images of precipitates from these reflections as they were very
weak. Furthermore, in samples aged for 35 d at 500  C, the development of a2 precipitates within
the alpha phase was observed. It was reported that these precipitates possessed a composition
of Ti3Al with a diameter between 5 and 10 nm. Wu et al. [90] also presented APT studies
illustrating Al-rich clusters corresponding to the Ti3Al phase observed in the electron diﬀraction
patterns. In the centre of the precipitates, the Al concentration was reported to be 20 at.% and
the V concentration was approximately 2 at.%. The latter figure was much greater than the
expected value, and it was speculated that slower diﬀusion of V contributes to this; the fact that
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Figure 5.3: (a) Phase contrast HRTEM lattice image of the ordered regions in Ti-6Al-4V (550/28d). (b) Series of
[21¯1¯0] FFT pesudo-diﬀraction patterns processed from boxes marked 1-8. The intensity scale has been inverted
to highlight the superlattice reflections (marked by arrows).
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Figure 5.4: (a) Simulated [21¯1¯0] diﬀraction pattern. (b) Intensity profiles between the two diﬀraction spots
marked by a blue line on (a), for the Ti-6Al-4V 550/28d sample in Figure 5.3, using the FFT pseudo-diﬀraction
patterns obtained. A Gaussian filter was applied to the FFT patterns.
diﬀusion would have to take place through an ordered a2 structure would further decrease the
rate of diﬀusion. However, no experimental work was reported to confirm this hypothesis.
In summary, electron diﬀraction shows that ordered a2 hexagonal D019 forms more rapidly in
Ti-6Al-4V than in Ti-7Al. Thus V in the a phase increases the precipitation kinetics. Dark field
imaging of Ti-7Al shows aligned a2 precipitates of elliptical morphology, 20 ⇥ 150 nm in size. This
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Figure 5.5: Ti-6Al-4V 550/28d sample (a) a [21¯1¯0] diﬀraction pattern and (b) dark field TEM image taken using
the superlattice spot.
is in agreement with Blackburn and Nambordhiri et al. [42; 44]. For Ti-6Al-4V 550/28d, FFT
analysis of HRTEM micrographs combined with dark field imaging from an aberration corrected
Titan TEM provide strong evidence for local variation in the extent of ordering through the
microstructure.
5.2.2 APT studies
Even though many cluster identification algorithms have been developed, identifying the early
formation of such features and determining their composition from APT reconstructed volumes
may be non-trivial, particularly for alloys containing increasing amounts of solute [195]. A
description of SRO can be attempted in terms of the nearest neighbour (NN) distributions. One
technique commonly used to investigate this problem within an APT reconstruction is applying
the kth-order nearest neighbour (kNN) analysis, which is particularly useful when looking for
subtle clustering eﬀects in alloys containing a significant amount of solute [181; 247; 248]. For
very dilute alloys, the average 1NN distance between solutes in a cluster compared to solutes
in the matrix will be significant, and therefore suﬃcient to isolate any clusters. However, for
the present alloy, the 1NN distance between Al atoms in a cluster will be very similar to that
in the matrix. (i.e. there is always another Al atom very close-by). Only if we look at higher
order nearest neighbours, such as 10NN, 20NN, 50NN and 100NN do we start to see statistically
clear deviation from random distribution. For smaller k the analysis is more sensitive to very
small fluctuations, for example clusters that may only consist of 5 solute atoms. Thus, small k
analyses may be subject to significant random fluctuations. Larger k values are more resistant
to the random fluctuations, but they also reduce the sensitivity (i.e. the size of clusters that
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can be identified) [181]. In this case the bulk concentration of Al limits the use of a large k.
The above discussion justifies the variety of diﬀerent kNN chosen to highlight the distribution
of distances separating each Al atom and its kth nearest neighbour Al atoms. Analysing the
10NN distribution of Ti-6Al-4V in Figure 5.6, it can be seen that the experimental data (D) and
corresponding random distribution (R) closely coincide. The broadening of the peaks for 50NN,
70NN and 100NN in comparison to their respective random distributions however indicates a
statistically non-random distribution of Al atoms in the experimental data. The relatively greater
counts at lower separations indicate a significant number of Al atoms distributed closer together
than would be randomly expected, indicative of solute clustering [181]. In Figure 5.7(a-b), the
data and randomised distributions are visualised, with blue points marking Al atoms that have
neighbours within 1.12 nm. Visually, nearest-neighbour ordered regions on the order of 5 nm in
size can be observed quite clearly in the data, which are barely present in the randomised data.
The features appearing in the complementary random distribution are indicative of trajectory
aberrations in the experiment leading to high density regions at the top of the reconstruction.
However, since these regions are incorporated in both the experimental and randomised 50NN
distributions they will not aﬀect the statistical comparison between the two distributions.
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Figure 5.6: Distribution of first kNN neighbour distances for a Ti-6Al-4V (550/28d) random solid solution (R) in
comparison with the collected data (D).
These isolated Al-rich clusters were demarcated using a 20 at.% Al isosurface, and an Al concen-
tration profile averaged across five similar clusters was generated. This suggest that these clusters
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have an Al content in excess of 20 at.%, Figure 5.7(c). This whole analysis was repeated on a
duplicate sample of Ti-6Al-4V, with the same results obtained. The 550/28d and 625/14d Ti-7Al
samples were also examined, and no such clusters were found. In the Ti-6Al-4V 625/14d sample,
some very tentative evidence for clustering could be observed in 50NN, but not at a level that
was statistically distinguishable from the randomised distribution. In Ti-7Al the composition
profiles showed only very marginal statistical fluctuations for 50NN, 70NN and 100NN distribu-
tion in comparison to the randomised datasets. Although the TEM images show superlattice
reflections, there was no evidence of Ti3Al precipitates from the APT experiments. Analysing
the 50NN distribution in Ti-7Al (550/28d) and Ti-6Al-4V (625/14d and 550/28d), Figure 5.8,
it can be seen that the experimental data and corresponding random comparator coincide. It is
noted that no precipitation of a2 phase occured in Ti-7Al after ageing. The broadening of the
peaks in the Ti-6Al-4V sample after ageing at 550  C for 28 days, in comparison to its respective
random distribution, indicates a statistically non-random distribution of Al atoms.
The overall compositions of Ti-7Al needles examined using the LEAP 3000X HR after diﬀerent
heat treatments are shown in Table 5.2. It is significant that the Al concentration in a sample
which was aged for 84 days at 550  C dropped to 4 wt.%. It is suggested that in this sample,
the missing Al content was located in a2 precipitates in regions not contained within the atom
probe analysis volume. From the TEM image, Figure 5.1, it can be clearly seen that spacing
between individual ordered regions is very large compared to very small analysis volumes of APT
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(a) experimental data (b) randomised system. (c)Aluminium concentration profile measured across interfaces
averaged over five similar features identified by the 20 at.% Al iso-concentration.
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samples. Thus it is certainly possible that APT needles were lifted out between a2 precipitates.
Table 5.2: Overall composition of the Ti-7Al needles examined, in wt. and at.%. Trace levels of H, N and C were
also present.
Al O
Sample wt.% at.% wt.% at.%
IWQ 6.8 11.5 0.4 1.1
AC 6.5 10.9 0.2 0.6
625/14d 6.3 10.6 0.2 0.6
550/28d 6.9 11.6 0.2 0.6
550/84d 4.1 7.0 0.3 0.8
In summary a nearest neighbour analysis clearly illustrates Al clusters in Ti-6Al-4V 550/28d.
Based on the extensive TEM study presented, these clusters correspond to ordered a2 precipi-
tates. There is tentative evidence of similar clustering in Ti-6Al-4V, and no evidence of clustering
in the Ti-7Al alloys. Thus there is agreement between APT and TEM, that V in the a phase
increases the precipitation rate of a2.
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5.2.3 Discussion
Many aluminium-containing titanium alloys are used at elevated temperatures up to 500  C, for
example in aero engine compressors. In such components, dwell fatigue can be of concern and
is associated with the localisation of deformation due to the formation of hai-type dislocation
ribbons in a-Ti that shows evidence of so-called short range ordering (SRO). In fact, almost
all commercial titanium alloys contain a phase with Al contents high enough to place them
within the a+ a2 phase region identified by Nambordhiri et al. [44]. However, a clear, universal
definition of what is meant by SRO has been lacking. Clearly, long range ordering is observed,
as a corresponding diﬀraction peaks in electron diﬀraction. The large breadth and low intensity
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of these diﬀraction peaks equally clearly indicate that ordering is incomplete. The APT analysis
performed here suggests that such precipitates are not perfectly ordered, but are instead high-Al,
partially ordered clusters with an Al content in excess of 20 at.%.
It is also interesting that the appearance of electron diﬀraction peaks was much clearer, and
occurred after less ageing, in Ti-6Al-4V than in the Ti-Al binary alloy, even for quite similar
a phase Al contents. This suggests that in the ternary alloy, the ⇠ 2 at.% V present in the a
plays an important role in promoting cluster formation. This indicates that V perhaps lowers the
energy of formation for the a2 phase and/or raises the diﬀusivity of Al in a-Ti, e.g. by promoting
vacancy formation. This is consistent with the hypothesis presented by Ramachandra [103].
Liew et al. [18; 19] have previously suggested that the formation of Al-rich clusters proceeds
via a spinodal decomposition mechanism. In a spinodal, the compositional waves first form and
then increases in amplitude until the stoichiometric phase compositions are formed. This is
distinct from the case of, e.g. Ni3Al, where only fully stoichiometric, ordered precipitates are
observed [256]. The present work supports this hypothesis - Al-rich regions, which can only be
partially ordered, do appear to form without achieving the perfectly ordered stoichiometric Ti3Al
composition.
5.3 Summary of the chapter
The formation of a2 (Ti3Al) related structures in Al-containing a Ti has been investigated during
low temperature ageing from the disordered state. The following conclusions can be drawn:
1. TEM studies on Ti-7Al showed no evidence of chemical ordering in the IWQ and AC samples.
Ordering, observed through the diﬀuse superlattice reflections in the selected area diﬀraction
patterns, was found in samples which were annealed between at 550  C and 625  C for times up
to 84 days.
2. After heat treatment of Ti-7Al for 84 days at 550  C, the superlattice reflections were strong
enough to allow imaging of the ordered regions using TEM. At shorter ageing times it was not
possible to obtain dark field images of precipitates. The same experiment was repeated on Ti-
6Al-4V (slow cooled, 550/28d,625/14d), and in a grains of the sample aged for 28 days at 550  C,
128
ordered and disordered regions were observed to co-exist. However, the ordered regions did not
have defined boundaries, but instead had a diﬀuse morphology.
3. A k = 50 nearest neighbour analysis of APT data from Ti-6Al-4V in the 550/28d condition
showed that distinct Al rich regions could be observed, with an Al concentration greater then 20
at.%. Such clusters could not be observed in the Ti-7Al samples or in Ti-6Al-4V aged for lower
times.
4. In the light of the present work and earlier investigations on Ti3Al precipitation in Ti-Al
alloys [20; 55; 90; 92; 102; 103; 257] it is evident that ordering can occur in titanium alloys
containing more than 6 wt.% Al along with Zr, Si, Mo, or V after shorter ageing times than in
the binary Ti-Al alloys.
We have found that precipitation appears to occur much faster, and more strongly, in a-Ti which
is alloyed, very slightly, with V in Ti-6Al-4V than in the pure binary Ti-Al. This is compared to
results for Ti-Al-V [90], Ti-Al-Mo [92] and Ti-Al-Zr [102] alloys, where similar ternary alloying
eﬀects are observed. Finally, APT was shown to be an complementary method to electron
diﬀraction studies and imaging by TEM for the study of the ordering in Ti alloys.
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6
Precipitation of the ordered a2 phase in the
near-a titanium alloy IMI834
Recent years have seen a dramatic increase in the demand for commercial air travel and the
cost of fuel, along with reductions in the cost of capital and the social acceptability of emissions.
Strong competition has therefore driven eﬀorts to improve the eﬃciency of aircraft engines [28]
by running them at higher temperatures [258]. As a consequence, the materials used have
to be resistant to increasingly extreme conditions. Creep resistant a Ti alloys have a high
specific strength, making them ideal for high temperature compressor applications [13]. Many
studies have been carried out to develop near-a Ti-Al alloys containing additions of zirconium
(Zr), tin (Sn), molybdenum (Mo), niobium (Nb) and silicon (Si) [39; 55; 71; 259]. Near-a Ti
alloys are utilised for compressor discs and blades [260; 261] with improved tensile strength,
fatigue resistance and creep performance at temperatures up to 660  C [153–155]. However, as
a result of solute partitioning in primary a grains, formation of the a2 (Ti3Al) phase has been
reported [70; 156]. A detrimental eﬀect of Ti3Al precipitates on fracture toughness and low
cycle fatigue properties is well documented [91]. Moreover, it is known that the low cycle fatigue
resistance is reduced due to promotion of strain localisation as a result of the presence of a2 [89].
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It was previously reported that when slip occurs in a material containing Ti3Al precipitates
dislocations travel in pairs [59]. Cross slip is restricted and therefore deformation tends to occur
by non-homogeneous planar slip [59; 89]. This is a significant problem since the resulting lowered
fatigue resistance can reduce the lifetime of compressor discs [262].
One of the most recognised high temperature Ti alloys is IMI 834, a near-a alloy with a b transus
temperature of 1060  C [9]. This alloy has a reduced volume fraction of b phase with ⇠15
vol.% of the fine primary a phase. This is achieved by reducing the proportion of b stabilisers,
such as molybdenum. Sn and Zr are added as a stabilisers [12] in quantities up to 6 wt.%.
Above this, embrittlement occurs due to the formation of Ti3Al [39]. Small amounts of Si are
added to increase the high-temperature strength by the formation of fine ordered precipitates
on the lamella boundaries, having a stoichiometry of (Ti,Zr)6Si3 [70; 99]. The role of each
individual alloying element on the phase chemistry and alloy properties is summarised in Table 2.5
(Chapter 2, Section 2.7.2).
IMI 834 has a good combination of creep, low cycle fatigue (LCF) and crack propagation prop-
erties, but a potential problem with this alloy is the precipitation of the a2 phase when the
solubility limit of Al is exceeded. In service, near-a Ti alloys are used for many thousands of
hours at temperatures above 500  C and it is possible that they are subjected to an uncontrolled
decomposition transformation. It is worth noting that, although limited formation of the a2
phase is sometimes used in commercial Ti alloys to improve strength, the precipitation process
is still not well understood. Hence, a detailed investigation of the kinetics of the nucleation of
a2 precipitates in the a phase is essential for predicting the behaviour of materials at elevated
temperatures. Previous atom probe tomography (APT) and transmission electron microscopy
(TEM) work on decomposition transformation in the a phase of IMI 834 has been minimal and
the information on the kinetics of the transformation is still unclear. Lenssen [55] noticed the
precipitation of the ordered particles in the a grains after 4 and 100 hours of ageing at 700  C
and linked this with a slight reduction in mechanical performance. After ageing for 500 hours at
700  C much larger precipitates were observed. Although ordered regions approximately 2.5 nm
in diameter and 10 nm apart were seen in the a phase after 4 hours at 700  C, no accurate infor-
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mation about the chemical composition was given. Zhang et al. [263] investigated the influence
of ageing time and temperature on the precipitation and growth of a2 ordered domains in a series
of alloys with compositions similar to IMI 834. It was reported that Al content and ageing tem-
perature influenced the distribution and growth rate of the a2 phase. The higher the Al content
and ageing temperature, the quicker the observed growth of the a2 phase. The new generation
of APT instruments, with higher detector eﬃciencies and wide fields of view enable this system
to be revisited, which is the focus of this chapter. If large precipitates, like those observed by
Lenssen [55], form during service, the consequences could be serious. Therefore, we examined
features observed in the samples of aged IMI 834 to establih the composition of phases and the
eﬀect of ageing parameters on their nucleation and growth.
6.1 Experimental Description
An alloy of nominal composition Ti-5.8Al-4.0Sn-3.5Zr-0.7Nb-0.5Mo-0.3Si-0.10O, in wt.% (10.3Al-
1.6Sn-1.8Zr-0.4Nb-0.2Mo-0.0.6Si-0.3O at.%) was investigated. Detailed information about this
material is given in Chapter 3. Samples of IMI 834 were encapsulated in quartz with an Ar
atmosphere and heat treated for: 14 days at 625  C (625/14d), 28 days at 550  C (550/28d),
100 hours at 700  C (700/100h) and for 16 days at 700  C (700/16d). The solution treated
conditions were selected on the basis of the work by Lenssen [55]. TEM experiments were per-
formed using a JEOL 2000FX 200kV TEM. Samples were prepared by two methods: (i) in-situ
lift out [253] and (ii) electrolytic thinning [135]. To produce specimens by the first method (i)
a focussed ion beam/scanning electron microscope (FIB/SEM) Helios NanoLab 600 equipped
with an OmniprobeTM was used. To prepare specimens by the second method (ii) thin slices
were sectioned from the alloy, mechanically thinned down to 100µm and discs of 3 mm diameter
were cut by spark eroding. The discs were electrolytically thinned in 3% perchloric acid, 40%
butan-1-ol and 57% methanol using a a Tenupol-5 twin-jet electropolisher at -40  C and a voltage
between 20 and 25V.
Atom probe samples were prepared by the FIB lift-out method. A description of the lift-out
and sharpening of needle-shaped tips can be found in reference [200]. APT experiments were
carried out using two local electrode atom probes (LEAP): 4000X Si and 3000X HR. The former
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machine oﬀers higher detection eﬃciencies around 57% at the expense of mass resolution, while
the latter operates around 37% detection but with the highest possible mass resolution. Each
set of needles was analysed using laser and voltage pulsing modes, in order to ensure that the
observed segregation behaviour was not an artefact induced by (thermal) laser eﬀects. The results
were independent of the instrument and operating mode used, but laser mode gave higher yields.
Specimens run in laser-pulsing mode were at a laser pulse energy of 0.1 nJ and a frequency of
200 kHz. In voltage-pulsing mode on the LEAP 4000X Si, the voltage pulse fraction was 15%.
For both modes the sample stage temperature was held at 55 K. IVASTM data analysis software
(Cameca) based on the standard algorithm [254] was used for reconstruction of the collected
data [181; 195]. The iso-surface concentration values were selected to best highlight the a2 phase
formation.
6.2 Results and discussion
A new phase may either (i) form as a consequence of spinodal decomposition or (ii) it may form
by nucleation with a long incubation time [18; 19; 55]. In the case of spinodal decomposition, the
rich and depleted regions co-exist and it is possible that when Al concentration increases by the
large enough amount, ordering can occur and then a new phase is formed. In the second case,
the long incubation time can be explained by slow nucleation. To investigate the mechanism by
which the new phase is formed TEM was carried out. This technique is an established method
for the examination of microstructures at very high magnifications. A good general instruction
to this method is given in the textbook by Williams and Carter [135]. The combinations of
heat treatment time and temperature which were studied by TEM are shown in Table 6.1. It is
well known that a2 precipitates can be easily identified by TEM, as they produce superlattice
reflections in selected area diﬀraction (SAD) patterns [255]. It was previously reported [19; 55;
59] that superlattice reflections in heat treated Ti-Al alloys occur symmetrically between the
fundamental reflections from the disordered matrix along certain crystallographic directions.
Figure 6.1 shows the SAD patterns of the 625/14d sample. The extra diﬀraction spots can be
clearly seen, but it was not possible to image precipitates of the ordered phase in dark field (DF)
mode, even with prolonged exposure times. Fundamental reflections from the matrix along with
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Table 6.1: IMI 834, superlattice reflection visibility in selected area diﬀraction (SAD) patterns and observation
of precipitates using dark field (DF) mode in TEM.
Time Temp.[  C] SAD DF
28 days 550 visible contrast seen
14 days 625 visible -
100 hours 700 visible 9 nm
16 days 700 visible 10⇥ 40 nm
superlattice reflections were also evident in the 550/28d sample. The SAD pattern is shown
in Figure 6.2(a). Although additional spots were clearly visible, the DF TEM images obtained
using [01¯11]a2 showed no well defined particles, but instead regions with a diﬀuse morphology.
Therefore, the contrast seen in Figure 6.2(d) may be due to either regions of local order or
agglomeration of small precipitates (Ti3(Al, Sn, Si)). According to Lenssen [55], superlattice
diﬀraction spots were evident in the electron diﬀraction patterns before compositional variation
could be detected by APT. After ageing at 700  C for several hundred hours, the preciptates were
large enough to be observed in TEM. Lenssen [55] suggested that either small ordered regions
grow and become visible, or a new phase nucleated after prolonged heat treatment, possibly as
the result of the compositional waves formed during the spinodal decomposition. Dark field TEM
of the samples heat treated for 100 hours and 16 days at 700  C clearly showed precipitates in
the a phase, Figure 6.2(e). The microstructure of the 700/100h sample contained particles with
a size of approximately 9 nm. Corresponding SAD pattern clearly exhibit evidence of diﬀraction
spots from the ordered phase. Similarly, in the microstructure of the sample aged for 16 days
at 700  C, particles 10⇥ 40 nm were detected. The corresponding electron diﬀraction pattern in
Figure 6.2(f) also contained clear superlattice spots.
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Figure 6.1: IMI 834, (a) simulated and (b) experimental selected area [21¯1¯0] diﬀraction pattern in the 625/14d
sample. The intensity scale has been inverted to highlight the superlattice reflections.
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According to Blackburn [42], low temperature ageing of Ti-8Al wt.% (13Al at.%) produced a
dispersion of the a2 phase in the a matrix. Particles were spherical in shape up to around
50 nm and beyond this dimension they form ellipsoids with the major axis lying along the [0001]
direction. A similar observation was made by Namboodhiri et al. [44] in alloys containing 8.5 and
16.5 wt.% Al (14 and 26 at.%). The authors noticed a change in morphology to an irregular shape
prior to an eventual ellipsoidal geometry approximately 10 nm long. Our TEM observations are
consistent with these results. In the sample that was aged for 100 hours at 700  C particles
appeared spherical, whereas after 16 days at 700  C they possessed an elongated shape with the
major axis lying along the [0001] direction. These can be clearly seen in Figure 6.2(d, f).
200 nm  5 1/nm 
e) f)
c) d)
a) b)
Figure 6.2: IMI 834, selected area [21¯1¯0] diﬀraction patterns after heat treatment at (a) 550/28d (c) 700/100h (e)
700/16d. Corresponding dark-field images of the ordered regions taken from the marked superlattice spot, (b),
(d) and (f) respectively.
Although diﬀuse superlattice reflections in the SAD patterns were observed in the sample which
had been annealed for 14 days at 625  C, APT showed only statistical fluctuations in Al concen-
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tration. The measurements were reproducible and none of the reconstructions have demonstrated
formation of Al-enriched regions in that sample. Additionally, no clear evidence for precipitate
formation from DF TEM imaging using the superlattice spots was observed. This suggests that
either the precipitates were too small to be imaged as they are outside the resolving capability
of the instruments, or additional spots in SAD patterns correspond to Al rich regions formed by
spinodal decomposition.
An atom map from the 550/28d APT sample is shown in Figure 6.3. This three dimensional
map has a 30 ⇥ 120 nm cross-section. In the microstructure a high number density of small
(⇠ 5 nm) precipitates throughout the sample is revealed. The concentration of elements was
measured across interfaces, averaged over twenty similar features identified by a 14 at.% Al
iso-concentration. The measurements were performed from the centre of the volume identified
by the iso-concentration profile analysis, in order to ensure that the value extracted from the
middle corresponded only the precipitate and not to the matrix. In a classic nucleation and
growth precipitation mechanism, the new phase with a suﬃciently diﬀerent composition would
be expected to become detectable at an early stage. The fact that compositional variations are
seen in APT reconstructions suggests that the contrast in TEM images is due to small particles
of composition given in Table 6.2. It can be seen that the Al content in precipitates is greater
than in the matrix by around 6 wt.%. In Figure 6.4 atom maps from the 700/100h sample are
presented. The first atom map in Figure 6.4(a) shows the distribution of Al atoms along with
16 at.% Al iso-concentration surfaces. In Figure 6.4(b) the 2 nm thick slice through the data
set shows the distribution of Al, Sn and Si. Sn and Si enrichment is seen in the Al-rich regions.
Table 6.2: IMI 834, APT derived phase compositions. O content is ⇠2000 ppmw.
Alloy Ti Al Sn Zr Si Nb Mo
M
at
ri
x 550/28d wt.% 84.9 5.8 4.4 3.2 0.2 0.6 0.8
at.% 84.9 10.3 1.8 1.7 0.3 0.3 0.4
700/100h wt.% 84.2 6.9 4.2 2.7 0.4 0.7 0.7
at.% 82.9 12.1 1.7 1.4 0.7 0.4 0.1
700/16d wt.% 82.4 7.1 4.7 3.4 0.6 0.9 0.7
at.% 81.8 12.2 1.8 1.7 1.0 0.4 0.3
Pa
rt
ic
le 550/28d wt.% 78.9 11.9 4.2 3.1 0.2 0.7 0.8
at.% 75.3 20.2 1.6 1.6 0.3 0.3 0.4
700/100h wt.% 76.7 11.0 7.1 3.2 0.6 0.7 0.3
at.% 76.8 19.0 2.8 1.6 1.0 0.4 0.1
700/16d wt.% 76.2 10.8 8.2 3.0 0.8 1.0 0.5
at.% 74.2 18.7 3.2 1.5 1.3 0.5 0.2
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The amount of each element was obtained from the composition profile. Figure 6.4(c) shows
proxigrams across the boundaries of several a2-phase precipitates. A manually selected subset
was used for the composition of the matrix. Results for both the matrix and the precipitates
are presented in Table 6.2. It can also be seen clearly in the atom maps of Figure 6.4 that the
particles have an elongated shape with the long axis between 5 and 10 nm in length.
5nm
14 at.% Al isosurface
analysis direction
Figure 6.3: IMI 834, 3D reconstruction of the 550/28d sample, from the LEAP 3000X HR.
Atom maps of the 700/16d sample are presented in Figure 6.5(a). After the longer ageing time
at 700  C, much bigger precipitates were observed. The particle long axis was found to be
> 18 nm in length, with a short axis of ⇠ 7 nm. The long axis could not be measured, as the
precipitates were larger than the APT sample volume. Figure 6.5(c) shows the integrated profile
for the analysis cylinder displayed in Figure 6.5(b). It can be clearly seen that Al, Sn and Si
partition to the a2 phase. The interface width is comparable with the 550/28d and 700/100h
samples, around 0.8 nm. Moreover, based on the composition measurements from Table 6.2 it
is apparent that as the extent of a2 precipitation increases between the three samples (in the
order 550/28d!700/100h!700/16d), then the Sn and Si contents increase, as does the overall
Al+Sn-Si content (from 22.1 to 23.3 at.%), whilst the Al content decreases. These are consistent
with expectations from the phase diagram, for a spinodal decomposition mechanism.
Zhang et al. [264] applied the critical electron concentration theory to calculate the volume
fraction of ordered a2 phase in the Ti-Al, Ti-Sn, Ti-Al-Sn-Zr alloys with various Al, Sn and Zr
contents. In the binary alloys it was observed that the increased content of Al and Sn causes
an increase in the volume fraction of the a2 phase. The authors also noticed that the volume
fraction of the ordered phase can change in diﬀerent alloys with the same electron concentration
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Figure 6.4: IMI 834, (a) 3D reconstruction of the 700/100h sample on the LEAP 4000X Si. (b) 2 nm thick slice
through the 3D reconstruction showing Al, Sn, and Si. (c) Proxigram across the boundary between the aged
matrix and several a2-phase precipitates in the 700/100h sample.
which have a diﬀerent Al:Sn ratio. However, Sn was a less strong a2 stabiliser than Al. Zhang et
al. also reported that in multi-component alloys the relative atomic ratio of the elements forming
the precipitates has a significant impact on the formation of the a2 phase. All calculations were
in good agreement with experimental studies. Ramachandra et al. [92; 99] reviewed ordering in
the a phase for the near-a titanium alloy. Furnace cooling and ageing at 550  C for 24 hours
resulted in the formation of the ordered a2 phase as seen in dark field TEM. Corresponding SAD
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Figure 6.5: (a) Atom probe map of the 700/16d (LEAP 4000X Si) sample showing the distribution of Ti. 4.%
of detected Ti atoms are presented, with the other atoms omitted for clarity. (b) Rotated view to highlight an
individual precipitate - the analysis cylinder was 3 nm in diameter. (c) Composition profile along the length of
the analysis cylinder in (b).
140
pattern showed superlattice spots confirming the formation of Ti3Al. The authors concluded
that ordering can occur in Ti alloys containing approximately 6 wt.% Al, along with Zr and
Si, even after short ageing times in the presence of high concentrations of b stabilisers. This is
because b stabilisers partition to the b phase and consequently Al rich regions are formed in the
a phase. In alloys with a low concentration of b stabilising elements, ordering was observed only
after long ageing times. These results were in accordance with those made in Ti alloys containing
6 wt.% Al and other alloying elements, such as Zr, Si and V [53; 90; 102].
6.3 Summary of the chapter
In this chapter, results of experiments carried out on a near-a Ti alloy IMI 834 are presented.
Ordered precipitates were imaged by TEM using dark field mode with superlattice reflections.
It is clearly shown by APT analyses that temperature and time aﬀect the size and morphology
of the precipitates. In addition, the following conclusions may be drawn:
1. Ageing at 550  C for 28 days and 700  C for 100 hours and 16 days formed ordered regions
that were large enough to be seen in dark field TEM. For each ageing condition, corresponding
diﬀraction patterns shows superlattice spots confirming occurrence of precipitates in the a phase.
These results are consistent with work by Lenssen [55] and Zhang et al. [263].
2. It is thought that diﬀused superlattice spots in SAD patterns in the 625/14d sample are due
to processes taking place at the parent alloy composition. Therefore, no composition fluctuations
were seen in the APT studies. These results were in good agreement with previous studies [55].
3. For the shortest ageing time (550/28d) the precipitates appear spheroidal and appear to be
distributed randomly. In contrast, after longer ageing times at 700  C the precipitates became
ellipsoids and show evidence of alignment along the one direction [0001].
4. For the two diﬀerent ageing times investigated at 700  C, Sn and Si are the minor constituents
in the Ti3Al(Sn,Si) precipitates, with the Sn and Si content in the precipitates increasing with
increasing ageing time from 7.1 at.% Sn and 0.6 at.% Si for 100 hours, to 8.2 at.% Sn and 0.8
at.% Si for 16 days.
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Summary
7.1 Summary of the thesis
Within the last 40 years the service temperature limit for Ti alloys has increased from 300  C to
approximately 600  C [17]. Much of the associated materials development has been empirical,
but recent advances in analysis techniques, such as improved electron microscopy (EM), atom
probe tomography (APT) and in situ time-of-flight (TOF) neutron diﬀraction has helped to
better understand metallic systems. Ti alloys are used to make a significant fraction of a jet
engine, including fans, the majority of the stator/rotor blades, compressor discs, fan frames,
bearing housings, ducts and vanes [17; 23; 31]. The mechanical performance of Ti alloys is
mainly determined by their chemical composition and microstructure [10; 11]. Microstructure
is a result of thermomechanical processing steps such as deformation and heat treatment. The
volume fraction of the a and b phases is primarily dependent on the chemical composition. The
a phase has a relatively limited number of easy slip systems available, because it possesses a
hexagonal close packed (hcp) crystal structure [9]. Adding certain alpha stabilising elements,
such as aluminium (Al), gallium (Ga), oxygen (O) and germanium (Ge), can raise the b transus
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temperature. Elements such as molybdenum (Mo), vanadium (V) and chromium (Cr) stabilise
the b phase by lowering the temperature of the transformation from the hcp to the body centered
cubic (bcc) structure. Most near-a Ti alloys also contain small additions of silicon (Si) to improve
creep resistance. Since the 1960s it has been known that the a phase in Ti-Al alloys undergoes
ordering during prolonged thermal exposure at temperatures of ⇠ 500  C [42]. Blackburn [42]
first studied the formation of the a2 phase in Ti-8Al wt.% (13Al at.%). In later studies, Blackburn
and Williams [53] noticed a transition from homogenous to planar slip with increasing Al content
and the formation of Ti3Al precipitates. Moreover, the authors observed straight segments
of prism [112¯0] {101¯0} dislocations traveling in pairs. Since then, a number of experimental
investigations [20; 21; 44; 46; 89] have been carried out to understand the mechanism of nucleation
and growth of the ordered a2 phase. Among binary Ti alloys, Al, Sn and Zr possess a solubility
limit in the a beyond which they can form a two phase mixture of a with a2 precipitates, where
the a2 possesses the composition Ti3Y, where Y can be Al, Sn or Zr [91]. It is well known that
the precipitation of the a2 phase aﬀects the properties of Ti alloys [20; 42; 89]. The a2 phase may
result in embrittlement and poor low cycle fatigue properties [42; 91]. On the other hand, small
amounts of Ti3Al are sometimes used in near-a Ti alloys to improve their high temperature
strength and creep resistance [94]. Significant work has been conducted on the relationship
between time and temperature of ageing and the volume fraction of the a2. However, this
phenomenon is still not fully understood. Variations in the ordered state have been reported [21]
to significantly influence the creep behaviour, but there are gaps in our knowledge regarding how
the addition of diﬀerent stabilising elements aﬀects the extent of ordering and hence planar slip
during fatigue in the a phase of titanium alloys.
The present work investigates the precipitation characteristics of the ordered a2 phase and the
eﬀect of ternary additions on the rate of formation. Ti-7Al, Ti-6Al-4V and IMI 834 alloys were
heat treated over a range of temperatures between 450 and 700  C for times up to 84 days. The
formation of Ti3Al precipitates within the a matrix was identified using electron diﬀraction, dark
field transmission electron microscopy (TEM) and atom probe tomography (APT). Additionally
an experiment that examines whether ageing induced ordering in aluminium-alloyed a-Ti has an
eﬀect on the load partitioning between orientations was conducted.
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7.1.1 TEM observations
Ti-7Al
Namboodhiri et al. [44; 46] observed SRO in Ti alloys containing 7 wt.% (12 at.%) Al which
were aged at temperatures between 500 and 700  C. Later experimental work confirmed that
SRO gives rise to the appearance of superlattice spots in electron diﬀraction patterns [20; 89].
Recently, very diﬀuse diﬀraction peaks have also been observed using in situ time-of-flight (TOF)
neutron diﬀraction at the correct positions for the a2 phase [20; 21].
Figures 4.8-4.11 show the [21¯1¯0] electron diﬀraction pattern in the IWQ and AC sample, and the
samples which were aged at temperatures between 450 and 625  C. In the IWQ, AC, 450/7d and
450/28d samples, only fundamental spots from the matrix were discernible (Figures 4.8 and 4.9).
Ordering, evident from the diﬀuse superlattice reflections in Figures 4.10 and 4.11, was found
in the 625/7d, 625/14d, 550/7d and 550/28d samples. However, despite the superlattice spots
being visible, it was not possible to image a2 precipitates in dark field mode, even with prolonged
exposure times. A [21¯1¯0] diﬀraction pattern in the 550/84d sample is shown in Figure 5.1(a).
After this heat treatment it was possible to obtain a dark-field image of the ordered regions
(Figure 5.1(b)). The precipitates were ellipsoidal and showed evidence of alignment along the
[0001] direction.
Brandes et al. [89; 141] observed in Ti-(4-12)Al wt.% (7-20Al at.%), that the presence of a2
precipitates strongly aﬀected slip character. The present results were consistent with this ob-
servation. In the tensile test samples following 4.5% plastic strain, dislocation Burgers vectors
were determined by invisibility analysis [135]. The dislocation configuration in the AC sample is
shown in Figure 4.12. It can be seen that the dislocations glide over each other, extending across
the sample. In contrast, in the sample aged for 14 days at 625  C dislocations travel in bands.
Representative TEM micrographs are shown in Figures 4.13-4.16. The sample aged for 28 days
at 550  C, Figures 4.17-4.20, showed dislocations travelling in bands and in distinct pairs, with
a far greater degree of planarity than in the 625/14d sample.
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Ti-6Al-4V
Primary a grains from the near-equiaxed Ti-6Al-4V material, heat treated and subsequently
slow cooled (SC) to room temperature, aged at 625  C for 14 days and 550  C for 28 days were
examined. Diﬀraction patterns taken from the a phase regions of the SC sample contained
superlattice spots in addition to the fundamental reflections, Figure 5.2(a). These superlattice
spots suggest that ordered domains of the a2 phase were formed. Figures 5.2(b) and (c) presents
selected area diﬀraction patterns taken from samples 625/14d and 550/28d, respectively. Clearly
visible superlattice spots between the fundamental reflections imply that ordered domains have
an a2 hexagonal D019 crystal structure. Again, although superlattice reflections were observed,
it was not possible to obtain dark field images of the precipitates.
Wu et al. [90] have shown weak superlattice spots in an electron diﬀraction pattern of Ti-6Al-4V
taken from a sample slowly cooled from 930  C. In the samples aged for 35 days at 500  C,
the precipitation of the ordered a2 phase was observed. These ordered particles had a compo-
sition close to Ti3Al and a maximum size of 10 nm. Furthermore, superior tensile strength was
found along with planar slip, while dislocation pairs were observed in the samples with Ti3Al
precipitates.
IMI 834
The majority of commercial Ti alloys are alloyed with ⇠6% wt.% Al. Sn and/or V are often
added in conjunction with Al. Earlier researchers have noted that the addition of Sn to Ti-Al
alloys promotes the precipitation of the a2 phase [70; 99; 100]. Moreover, stronger precipitation
of Ti3Al particles has been observed in alloys with higher Sn content [264; 265]. Some ternary
alloy systems, including Ti-Al-V [90], Ti-Al-Mo [92] and Ti-Al-Zr [102], were also studied. Wu et
al. [90] observed weak superlattice reflections in electron diﬀraction patterns from heat treated
Ti-6Al-4V. These superlattice reflections corresponded to the Al-rich clusters of composition
Ti3Al. Figure 6.2 shows electron diﬀraction patterns for the heat treated samples of IMI 834.
In the 550/28d sample, extra diﬀraction spots were observed. Dark field images taken using the
superlattice spots did not reveal any clearly identifiable precipitates, but instead regions with
a diﬀuse morphology were observed, Figure 6.2(b). Fundamental reflections from the matrix
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along with superlattice reflections were also visible in the 700/100h and 700/16d samples. Dark
field images obtained using [01¯11]a2 spot showed well defined 9 nm spherical precipitates, after
ageing at 700  C for 100h. In the 700/16d sample, particles were elongated (⇠ 10⇥ 40 nm) and
the major axis was found along the [0001] direction. These results are in good agreement with
previous experimental study by Lenssen [55] on the same alloy. There, a2 particles approximately
2.5 nm diameter with a 10 nm spacing were observed after ageing for 4 hours at 700  C. Longer
ageing times (100 hours) at the same temperature caused a doubling of the particle size and a
non-random Al distribution was detected using atom probe analysis. Heat treating at 700  C
for 500 hours resulted in precipitates on the order of 40 nm in size. Similar observations on the
change in morphology were made by Blackburn [42] and Nambordhiri et al. [44] in Ti-8Al wt.%
(13Al at.%) and Ti-(8.6-15)Al wt.% (14.3-24Al at.%), respectively. Both authors noticed that
particles were spherical in shape up to a certain size, beyond which they became ellipsoids with
the major axis along [0001].
7.1.2 Phases and their chemical compositions
Identifying the early formation of precipitates and determining their composition is not trivial. In
this work we introduce atom probe tomography (APT) as a technique to measure compositional
variations at the nanoscale and to validate the diﬀraction-based studies using TEM. APT oﬀers
unique chemical analysis capabilities with a sensitivity of ⇠0.1 at.%.
The microstructure of IMI 834 (550/28d) sample with dense dispersions of ⇠ 5 nm precipitates
is shown in Figure 6.3. Atom maps from reconstructions of the 700/100h and 700/16d samples
are presented in Figures 6.4 and 6.5. The distribution of Al atoms along with 16 at.% Al iso-
concentration surfaces highlighting the precipitates are also shown. The precipitate and matrix
compositions obtained are summarised in Table 6.2. Precipitate compositions were taken from
the centres in order to ensure that the value corresponded only to the precipitates and not the
matrix. Manually selected subsets were used to find the composition of the matrix. For all the
alloys, Al partitioned to the a2 phase. It can be seen that Sn and Si are the minor constituents in
the precipitates, with the Sn and Si content in the precipitates increasing with increasing ageing
time from 7.1 wt.% (2.8 at.%) Sn, 0.6 wt.% (1.0 at.%) Si for 100 hours, to 8.2 wt.% (3.2 at.%)
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Sn and 0.8 wt.% (1.3 at.%) Si for 16 days. Therefore, Sn and Si are both a2 stabilisers. Also,
more precipitation of the a2 phase was observed in the samples aged for longer times.
In binary Ti-Al alloy and Ti-6Al-4V there were no obvious precipitates observed by dark field
TEM or APT. Description of ordering in these systems can be attempted in terms of the nearest
neighbour (NN) distributions. One technique commonly used for this analysis is the kth-order
nearest neighbour (kNN) distribution [181]. It should be noted that in dilute alloys, the average
1NN distance between solutes in a precipitate compared to solutes in the matrix will be significant
for alloys with a high content of solute elements. However, for the Ti-7Al and Ti-6Al-4V alloys
with a low content of solute elements, the 1NN distance between Al atoms in a cluster will be very
similar to that in the matrix. Therefore, we investigated higher order NN (10, 50, 70, 100NN), to
observe the solute distributions. Analysis of the 50NN distribution in Ti-7Al (550/28d) and Ti-
6Al-4V (625/14d) shows no precipitation of a2 phase. The broadening of the peaks in Ti-6Al-4V
(550/28d) sample, in comparison to its respective random distribution, indicates a statistically
non-random distribution of Al atoms.
7.1.3 Neutron diﬀraction loading experiment
The evolution of intergranular lattice strain in Ti-7Al alloy was characterised using in situ time-
of-flight (TOF) neutron diﬀraction during room temperature tensile loading. The measurements
were made on tensile specimens which were aged in the temperature range of 550-920  C for times
up to 28 days. All specimens showed an essentially identical loading response, with a yield stress
of ⇠ 800MPa and very little work hardening. Tensile loading curves for the four conditions
examined are shown in Figure 4.5. A progressive rise in the macroscopic Young’s modulus
with ageing temperature and time was noticed (105GPa for IWQ, 110GPa for AC, 108GPa
for 625/14d and 114GPa for 550/28d). Moreover it was found the changes in deformation
mechanisms consequent to ordering do not have an eﬀect on the deformation behaviour at the
level of grain averages, but only at the level of strain localisation within grains. Figure 4.6 shows
the residual lattice strain evolution as a function of plastic strain in the loading direction. The
largest compressive microstrains are found for {2133} and {1010}, since these are orientations
where the prism planes are closest to the plane of maximum shear (45 ). Therefore, positive
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residual strain must be found for grains that are orientated near-{0001}. However, this could not
be measured due to the texture in an alloy. The trends observed are summarised in Figure 4.7.
7.2 Conclusions
Many titanium alloys are used in service under conditions in which phase separation or transfor-
mation may occur. These phenomena are interesting from a fundamental material science point
of view and also have engineering and industrial significance. Ti-Al alloys are commonly used
in the aerospace industry in very demanding conditions such as the compressor stages in jet en-
gines. Near a titanium alloys are the current generation of high temperature aerospace materials
therefore to optimise the mechanical properties of these alloys and to predict and maximise their
safe working lifetime it is vital to better understand the phase separation process occurring in
these alloys. From previous work it is known that the ordered regions in a phase which are seen
using TEM are either (i) precursor order domains which precede the formation of the a2 phase
or (ii) coherent particles of Ti3Al with a DO19 structure. If precipitation takes place according
to a classical nucleation and growth mechanism it is expected to be detected by atom probe
analysis through diﬀerences in concentration. During ageing, precipitates would be expected to
grow in size, but to keep a constant composition. On the other hand, if superlattice reflections
are observed in the electron diﬀraction patterns but there is no sign of any precipitates in the
atom probe results it may be suggested that the additional reflections are the result of ordering.
This thesis presents the results of research which were carried out to investigate the early stage
phase decomposition process taking place in Ti-Al alloys. Experimentally, a binary alloy Ti-7Al
was heat treated and examined using light microscopy, electron microscopy, in situ time-of-flight
neutron diﬀraction during room temperature tensile loading and atom probe tomography. In
addition, the formation of ordered clusters in commercial alloys, such as Ti-6Al-4V and IMI
834 was studied. The neutron diﬀraction by time-of-flight (TOF) and APT were shown to be
excellent complementary methods to electron diﬀraction studies and imaging by TEM for the
study of the ordering in Ti alloys.The following conclusions may be made:
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Ti-7Al
1. Electron diﬀraction patterns of IWQ, AC, 450/7d, 450/21d samples exhibited no evidence of
extra diﬀraction spots or diﬀuse scattered intensity of significance from a second phase in any of
the zone axes. Therefore, it may be argued that only a disordered solid solution was present.
2. In the samples which were heat treated at 550  C for 84 days, precipitates were observed, using
TEM. These precipitates were ⇠ 20 by 150 nm in size. Study of the electron diﬀraction patterns
indicated that the observed features have an ordered hexagonal D019 type crystal structure.
When the ageing time was shorter (between 7 and 28 days) and/or the temperature was lower
it was not possible to obtain dark field images of precipitates using superlattice reflection.
3. During in situ room temperature tensile loading, a slight reduction in the measured d0 values
and c/a was observed with ageing. Very little or no change in the a phase diﬀraction elastic
constants could be detected. The residual lattice strains observed in samples with diﬀerent
degrees of ordering, were within experimental uncertainty the same.
4. Planar slip bands with dislocation pairs were observed in samples which were aged for 28 days
at 550  C and 14 days at 625  C. Moreover, the slip bands were observed to become coarser in
the samples after longer ageing. Such behaviour may be the consequence of the formation of
ordered clusters.
5. It was found that the changes in deformation mechanisms consequent to ordering do not have
an eﬀect on the deformation behaviour at the level of grain averages, but only at the level of
strain localisation within grains.
Ti-6Al-4V
6. In the slow cooled sample, nevertheless, the dark field images showed no features, but dif-
fuse superlattice reflections were observed in the selected area diﬀraction patterns. Superlattice
reflections were strongly visible after 14 days ageing at 625  C and 28 days ageing at 550  C.
7. APT studies of 625/14d samples showed that the arrangement of Al atoms in Ti-6Al-4V was
random. However, after 28 days at 550  C ordered regions were observed in a grains in the TEM
dark field images and a non-random Al distribution could be picked up in APT.
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8. A nearest neighbour (NN) distributions (k = 50NN) analysis of APT from Ti-6Al-4V in the
550/28d condition showed that clusters of Al-rich regions could be observed. Such clusters could
not be observed in the Ti-7Al (625/14d) and Ti-6Al-4V (625/14d) samples.
IMI 834
9. In the samples which were heat treated at 550  C for 28 days and 700  C for 100 hours and 16
days the ordered regions were large enough to be seen in dark field TEM. Corresponding electron
diﬀraction patterns showed superlattice spots at the correct positions for the a2 phase.
10. After ageing for 14 days at 625  C superlattice spots were seen in the electron diﬀraction
pattern but no composition fluctuations were seen in the APT studies.
11. In the samples which were heat treated at 700  C for 100 hours the precipitates were spher-
ical in shape and appear to be distributed randomly. After ageing for 16 days at 700  C the
precipitates became ellipsoids and show evidence of alignment along the [0001] direction.
12. For the two diﬀerent ageing times (100 hours and 16 days) investigated at 700  C, Sn and Si
were the minor constituents in the Ti3Al(Sn,Si) precipitates, with the Sn and Si content in the
precipitates increasing with increasing ageing time.
Finally, it is concluded that the precipitation of the a2 phase is dependent upon the addition of
alloying elements such as V, Sn, Si, Zr to the binary Ti-Al alloy. The investigation revealed that
in multi-component alloy systems where more than one alloying element forming the a2 phase
is present, precipitation of ordered clusters is much faster than in the binary alloy. This can be
explained by assuming that ternary elements either (i) lower the energy of formation for the a2
phase and/or (ii) increase the diﬀusivity of Al in a-Ti by promoting vacancy formation. The Ti-
Al phase diagram shows that alloys with greater concentrations of Al have a wider temperature
range for precipitation of a2 compared with those having a lower Al content.
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7.3 Areas for future work
In this thesis, it has been demonstrated that the very latest atom probes with ⇠ 50% detector
eﬃciency, such as the LEAP 4000X Si at the Centre for Atom Probe Tomography, Northwestern
University (NUCAPT) (which will also be purchased by Oxford in 2015-16), are now capable of
detecting Ti3Al clusters using a 50NN analysis. This opens up the possibility to study Ti3Al
precipitates for the first time. In addition, at longer ageing times, in very thin (<50nm) TEM
foils, it is starting to become possible to image some of the larger Ti3Al precipitates. This will
allow the link between dwell fatigue and Ti3Al precipitation to be elucidated, in both model and
commercial alloys.
The following suggestions for further work can therefore be made;
I. Samples of the Ti-7Al (IWQ, AC, 550/28d and 625/14d; deformed at ORNL) are being ex-
amined at the GEM beamline at the ISIS neutron source, to examine the extent of the diﬀuse
scattering peaks. These diﬀraction patterns will become available in autumn 2015.
II. Beamtime has also been awarded at SuperSTEM to examine these materials in the same
condition (undeformed) by EELS. Preliminary EELS experiments on the JEOL JEM 2100F
200kV TEM/STEM were unpromising, but in principle compositional variations associated with
a2 formation should be visible using the Al L2,3 and K edges. This beamtime award also includes
the Ti-6Al-4V in the (550/28d and 625/14d) aged conditions.
III. The results in this thesis, and the literature, suggest that beta stabilisers accelerate a2
formation. Therefore Ti-7Al-1Mo and Ti-7Al-1V alloys (1600ppm O, +Si, +Fe from sponge) are
being manufactured in order to examine the site occupancies of Mo and V. The aim is to identify
the mechanism by which ternary additions act to promote a2-by enhancing Al diﬀusivity or by
stabilising the a2. Atom probe tomography will be performed, complemented by FEG-STEM
compositional analysis with collaborators at the LBNL: National Center for Electron Microscopy,
Berkeley National Laboratory; the group there believe that they can determine site occupancies
using aberration-corrected high resolution dark field STEM imaging.
IV. Other atom probe tomography work performed during this PhD but not reported in this
thesis, suggests that a2 formation is accelerated near an high-oxygen alpha case, but also that
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O is rejected from the a2 into the alpha. Both Al and O are added to the alpha phase as solid
solution strengtheners in order to, for example, improve creep performance. The results reported
here therefore suggest that Al and O should be replaced if a2, and its eﬀect on dwell fatigue, are
to be avoided. Sn would increase density, and also forms Ti3(Al,Sn), but at the minimum would
show slower kinetics, as suggested in Chapter 6.
V. It is also of interest to examine how dislocations interact with the Ti3Al precipitates; it is
somewhat surprising that this has not been directly observed, which highlights the diﬃculty of
observing a2. Therefore it is suggested to examine the dislocations in dwell-fatigued samples
of Ti-6242, in both the water quenched and a2 aged conditions, using thin electropolished foils,
with the hope of observing the dislocation-induced faults passing through the a2.
VI. There is also the question of why Ti-6246 does not suﬀer from dwell fatigue while Ti-6242
does. The leading suggestion is that the fine scale (20-200 nm) secondary alpha in Ti-6246
prevents the development of planar slip bands. On the other hand, recent work in the Hexmat
programme grant on micropillars suggests that the a phase in these two alloys has quite diﬀerent
c/a anisotropy at low strain rates, such that Ti-6246 can easily deform via <c+a> slip whereas
Ti-6242 cannot. This would give rise to forest hardening, prevent slip localisation. But, it
remains unclear why the a phase in these two alloys should behave diﬀerently; presumably this
is due to the chemistry of the phases, and therefore possibly the propensity to form a2 (or O
content, or some other explanation). STEM-EDX and atom probe tomography may have a role
to play in the investigation.
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Appendix
8.1 Schematic Kikuchi map for hcp.
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Figure 8.1: Schematic Kikuchi map for hcp. Adapted from [266].
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8.2 Values of g ·B for the possible Burgers vectors.
Table 8.1: Values of g ·B for the possible Burgers vectors. Part I.
[1210]
0001 1010 1011 1011 1012 1012 2021 2021
1
3 [1120] 0 1 1 1 1 1 2 2
1
3 [1210] 0 0 0 0 0 0 0 0
1
3 [2110] 0 -1 -1 -1 -1 -1 -2 -2
1
3 [1123] 1 1 2 0 3 -1 3 1
1
3 [1123] -1 1 0 2 -1 3 1 3
1
3 [1213] 1 0 1 -1 2 -2 1 -1
1
3 [1213] -1 0 -1 1 -2 2 -1 1
1
3 [2113] 1 -1 0 -2 1 -3 -1 -3
1
3 [2113] -1 -1 -2 0 -3 1 -3 -1
Table 8.2: Values of g ·B for the possible Burgers vectors. Part II.
[1213] [0210]
1010 1101 0111 122 0001 2110 2112 2112
1
3 [1120] 1 0 1 -1 0 -1 -1 -1
1
3 [1210] 0 1 1 2 0 -1 -1 -1
1
3 [2110] -1 -1 0 -1 0 2 2 2
1
3 [1123] 1 -1 2 -3 1 -1 1 -3
1
3 [1123] 1 1 0 1 -1 -1 -3 1
1
3 [1213] 0 0 0 0 1 -1 1 -3
1
3 [1213] 0 2 -2 4 -1 -1 -3 1
1
3 [2113] -1 -2 1 -3 1 2 4 0
1
3 [2113] -1 0 -1 1 -1 2 0 4
Table 8.3: Values of g ·B for the possible Burgers vectors. Part III.
[0111] [0112]
1011 2110 1111 0112 0111 2110 2021 2201
1
3 [1120] 1 -1 0 1 1 -1 2 0
1
3 [1210] 0 1 1 -1 -1 -1 0 -2
1
3 [2110] -1 2 -1 0 0 2 -2 2
1
3 [1123] 2 -1 -1 3 2 -1 3 1
1
3 [1123] 0 -1 1 -1 0 -1 1 -1
1
3 [1213] 1 -1 0 1 0 -1 1 -1
1
3 [1213] -1 -1 2 -3 -2 -1 -1 -3
1
3 [2113] 0 2 -2 2 1 2 -1 3
1
3 [2113] -2 2 0 -2 -1 2 -3 1
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Table 8.4: Values of g ·B for the possible Burgers vectors. Part IV.
[1216] [0001]
1010 2201 0221 1010 2110 1120 0110 1210 1100
1
3 [1120] 1 0 2 1 -1 2 -1 1 0
1
3 [1210] 0 -2 -2 0 -1 -1 2 -1 1
1
3 [2110] -1 2 0 -1 2 -1 -1 0 -1
1
3 [1123] 1 1 3 1 -1 2 -1 1 0
1
3 [1123] 1 -1 1 1 -1 2 -1 1 0
1
3 [1213] 0 -1 -1 0 -1 -1 2 -1 1
1
3 [1213] 0 -3 -3 0 -1 -1 2 -1 1
1
3 [2113] -1 3 1 -1 2 -1 -1 0 -1
1
3 [2113] -1 1 -1 -1 2 -1 -1 0 -1
8.3 Analysis procedure for performing a residual lattice strain.
The general analysis procedure for performing a residual lattice strain follows;
1. Plot d[Å] values versus microscopic stresses [MPa] for the first 13 measurements.
2. Using the LINEST function in Excel estimate d0 and uncertainty of measurement derror0 .
3. Calculate for each peak analysed, the elastic lattice strain ehkil from the relative change in
measured lattice spacing dhkil, using Equations 8.1;
ehkil =
dhkil – dhkil0
dhkil0
(8.1)
where, dhkil is the d-spacing of the {hkil} diﬀraction peak obtained at a given load, and dhkil0 is
the reference d-spacing of the {hkil} diﬀraction peak obtained at zero load.
4. Plot ehkil versus microscopic stress [MPa] for the first 13 (elastic) measurements. Using
LINEST function in Excel estimate the gradient, DEChkil and its associated uncertainty. This
measured Diﬀraction Elastic Constant is the eﬀective modulus of grains satisfying the the diﬀrac-
tion condition in the loading direction, and therefore is a consequence of both the single crystal
elastic moduli and the average grain environment.
5. Calculate the macroscopic plastic strain using Equations 8.2;
plastic strain = macroscopic strain –
macroscopic stress
macroscopic Young’s modulus
(8.2)
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where the macroscopic Young’s modulus and its uncertainty are estimated using the LINEST
function in Excel from the macroscopic stress – macroscopic strain curve.
6. Calculate residual lattice strain using Equations 8.3;
residual lattice strainhkil = ehkil –
macroscopic stress
DEChkil
(8.3)
7. Plot residual lattice strain versus plastic strain.
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